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Abstract
The wire arc additive manufacturing (WAAM) is one of the advanced manufacturing processes
to fabricate full-density three-dimensional (3D) Inconel 718 (IN718) metal parts in an open
freeform environment. Thus, there is no size restrictions of the fabricated parts using this
process which is suitable for industry-led medium to large production supply chain. So far, the
use of WAAM process in the fabrication of IN718 parts is solely focused on the effects of
standard heat-treatments on the evolution of microstructural constituents and mechanical
properties. Therefore, the present study is attempted to systemically investigate the effects of
welding parameters, heat-treatment, high-oxidation temperatures and hot-deformation
characteristics on the processing-microstructure-property relationship of IN718 alloys
manufactured via Gas Tungsten Arc Welding (GTAW)-based WAAM process. A wrought
IN718 alloy was also studied for comparison.
Since the fabrication of a defect-free and full-density IN718 built wall using WAAM process
is intricately related to the thermal conditions of the weldment, an in-depth feasibility study of
the effects of various processing parameters, such as arc current, cold wire feed speed and
travel speed on sample geometry, microstructural evolution and mechanical properties of asfabricated (AF) samples was studied. It was observed that increasing the arc current increased
the width and reduced the height of the walls as a result of higher surface tension and arc
pressure acting upon a constant volume of material under constant cold wire feed speed and
travel speed. A complete opposite trend was seen with increasing cold wire feed speed under
constant arc current and travel speed. Increasing the travel speed adversely affected both the
width and height of the walls due to the deposition of lower volume of material. Irrespective
of welding conditions, a highly textured and homogeneous microstructure of gamma (γ)-matrix
was developed parallel to the build-up direction. Due to the elemental segregation of heavy

iii

elements, the matrix microstructure was mostly composed of Nb-depleted dendritic core region
(DCR) along with Nb-enriched interdendritic region (IDR). The mechanical properties in terms
of microhardness and tensile strength were found to be similar and independent of the effect of
processing parameters.
Subsequently, the standard solution-annealed (SA) treatment was performed in order to
understand its effects on microstructural morphology, compositional heterogeneity, strength
improvement and oxidation performance of defect-free AF IN718 walls. After the solution
treatment, the SA samples remained to be highly-textured solid-solution of γ-matrix with large
columnar grain morphology and formed non-hardening delta (δ) plates with undissolved
residual laves phases in IDR. These deprived the precipitation of beneficial hardening phases
of γ″ and γ′ particles in γ-matrix during SA treatment which deteriorated the tensile properties
in comparison with its wrought counterparts. The high-temperature oxidation study of SAtreated samples obeyed parabolic rate law which was independent of oxidation temperatures.
A marginally better oxidation resistance of wrought IN718 alloys was observed compared to
the SA samples due to the compositional heterogeneity and highly-textured morphology of γmatrix. The oxidation reaction process of scale growth in IN718 alloys was mainly dominated
by the outward diffusion of Cr+3 cations through Cr2O3 layer at the air-scale interface as the
activation energies were found to be in the range of 250-290 kJ/mol for Cr2O3 (chromia)
forming Ni-based superalloys.
Afterwards, a modified homogenization-annealed (HA) condition was performed on WAAM
IN718 alloys to dissolve laves phase and precipitate out strengthening phase of γ″. The HA
samples showed weakly anisotropic tensile properties at room temperature and exceeded the
minimum requirements for cast IN718, but not that of wrought IN718 due to its large columnar
grain structure which outweighed the beneficial effects of precipitation hardening. The hightemperature oxidation study revealed that the kinetics of oxidation of HA samples also
iv

followed the parabolic rate law forming the external protective Cr2O3 scale at the air/alloy
interface. An outermost thin layer of rutile-TiO2 and spinel-MnCr2O4 at air/scale interface was
observed to form which was found to be time dependent. Similar to SA conditions, the wrought
samples provided marginally better oxidation properties than that of HA samples due to
consequence of the higher degree of texture of γ-matrix.
Finally, the thermo-mechanical behaviour and recrystallized grain formation of HA-treated
WAAM-built IN718 alloy parts were investigated using the concept of hybrid additive
manufacturing process. The results showed that the serrated yielding and flow stress behaviour
were independent on the sample orientation under the same deformation conditions. The
serration behaviour was observed to be more sensitive to the applied deformation temperatures
than that of strain rates, whereas the opposite was found to be true in case of flow stress
(mechanical properties) behaviour. The uniformity of dynamically recrystallized (DRX)
microstructure was intricately related to the orientation of columnar grains and processing
parameters. The evolution of a near-complete DRX structure was more favourable under low
flow-stress conditions (high temperature and low strain rate) if the deformation direction was
aligned perpendicular to the long-axis of columnar grains. The nucleation and growth of
weakly textured DRX microstructure were characteristic of strain-induced grain boundary
migration as a result of the bulging of migrating grain boundaries. The activation energy to
trigger the DRX process was determined to be 444.31 ± 33.78 kJmol-1. Finally, a constitutive
model based on Garofalo sine-hyperbolic equation in relation with Zener-Hollomon parameter
was developed to predict the flow-stress (peak) behaviour during hot-forming of the WAAMbuilt IN718 superalloys which was in good agreement with the experimentally obtained peakstress values under the present experimental conditions.
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Chapter 1: Introduction
1.1.Background Art
Inconel®718 (IN718) is a special kind of Ni-based superalloy used in precipitation-hardened
state mostly as wrought (forged) products for various range of applications [1], especially in
modern gas turbine aircraft engines where IN718 alloys constitute 70% of total Ni-based
superalloys [2]. In comparison with other Ni-based superalloys, IN718 possesses less quantity
of Ni and other expensive alloying elements which make this alloy system economically more
viable [3]. Due to its unique metallurgy and alloy chemistry, IN718 forms metastable and
coherent gamma double prime precipitates of γ″-Ni3(Nb,Ti) that provide excellent mechanical
properties at elevated temperatures for prolonged service period [3]. Due to the sluggish
hardening kinetics of γ″ precipitates, it can be welded readily to form joints with different
materials or to repair component parts without suffering from strain-age cracking either during
welding or post-weld annealing condition [4]. IN718 also possesses high-temperature
resistance to oxidation and corrosion in both gaseous and aqueous environments by forming
protective chromia (Cr2O3) scale [5]. Due to its cost-effectiveness, splendid mechanical
attributes, superior welding ability, and excellent oxidation and corrosion-resistivity, IN718
superalloy provides flexibility, versatility and adaptability to meet and acquire the necessary
design requirements for various high-end industry-related applications.
It is customary to fabricate superalloy ingots using vacuum induction melting process which
are subsequently processed by various traditional manufacturing methods such as investment
casting, wrought processing and powder metallurgy [1]. However, in today’s industrial sectors,
the fabrication of end products demands time- and cost-saving manufacturing processes. Both
of these criteria are impossible to achieve through existing conventional manufacturing
processes as these methods yield products in the bulk form. As a result, the fabricated parts
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need to go through several post-fabrication material-removal processes (subtractive processes)
such as grinding, cutting, machining to achieve the desired final shaped products. These are
time and labour-intensive processes which will result in wastage of material in the form of
scraps, and ultimately increases the overall manufacturing cost yielding expensive end
products. The significance of these post-fabrication processes during production cycle can be
understood in the fabrication of engine components for aerospace applications with extremely
high buy-to-fly (40:1) ratio [6]. Due to the high strain hardening tendency and low thermal
conductivity, IN718 superalloy parts are also extremely difficult to machine (machinability
index is only 12) [7, 8]. Besides, the design complexity of modern engine components is much
more sophisticated which will be difficult or impossible to fabricate using conventional
methods [6]. Thus, the advanced and free-forming additive manufacturing (AM) technologies
can be considered as a viable alternatives to fabricate near-net shaped and full-density IN718
superalloy components with complex geometries and reduced manufacturing costs [9].
The wire-arc additive manufacturing (WAAM) process is a type of directed energy deposition
(DED) – based free-form fabrication method which utilizes the inexpensive arc-welding
techniques as heating source to deposit and build near-net shaped AM walls using
commercially available alloys in wire form. The WAAM processes are less expensive, more
flexible, user friendly and energy efficient, have higher deposition rate and productivity in
comparison with its powder-based AM processes [10-12]. As a result, significant numbers of
research activities were carried out in the fabrication of WAAM-built IN718 walls [13-34].
The majority of all the research works available in literature were dealt with the microstructural
evolution and mechanical strength of heat-treated WAAM IN718 parts in comparison with the
as-fabricated (AF) and wrought conditions. The heat-treated IN718 parts fabricated using
WAAM processes showed compositional heterogeneity and formed large columnar grains
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which were found to deteriorate the mechanical strength in comparison with its wrought
counterparts.
Although there were few research studies conducted the effects of welding parameters on weld
bead geometry and energy density of WAAM-fabricated IN718 alloys [21, 26, 32], the
usefulness of these studies was limited to the selection of proper processing conditions to
produce defect-free AM walls. The microstructural evolution and mechanical properties of the
AM samples are governed by the thermal history of the weldment which is intricately related
to the welding conditions. An in-depth understanding of the processing-microstructureproperty relationship is still necessary on the fabrication of full-density IN718 superalloy parts
using tungsten inert gas (TIG)-based WAAM process. Besides, the implementation of highoperating temperatures in the modern jet engine is expected to accelerate the oxidation kinetics
and affect the mechanical integrity of IN718 superalloy parts [35, 36]. Thus, it is important to
understand the high-temperature oxidation kinetics and mechanisms of heat-treated IN718
parts fabricated by WAAM process in comparison with the wrought alloys which will be vital
to predict the oxidation behaviour and mechanical characteristics under the influence of a
continuous high-operating temperature in practical situation.
In addition, since the existence of coarse columnar grains in heat-treated IN718 WAAM parts
yielded the poor mechanical strength in comparison with wrought IN718 alloys, the application
of hybrid manufacturing processes has been found to be an effective way to produce refined
grain structure of AM parts that would provide desired mechanical attributes of wrought IN718
alloys [30, 37]. Although the influence of columnar grain orientation on grain refinement of
WAAM-fabricated IN718 alloys is understood clearly, a comprehensive study is still missing
to understand the effects of grain orientation, strain rates and temperatures on the serration
behaviour, peak-flow stress, recrystallization processes and texture of WAAM IN718 alloys
during hot-deformation process. Also, the knowledge of the activation energy to trigger the
3

recrystallization process and the development of a constitutive model will be useful in
mathematical modelling or simulation of hot-workability for WAAM-produced IN718 alloys.
1.2. Aims and Objectives
This research project aims to fabricate full-density and defect free single bead IN718 superalloy
walls using tungsten inert gas (TIG) welding based wire-arc additive manufacturing (WAAM)
process and methodically characterizes the microstructural, compositional, mechanical and
chemical aspects of WAAM-built IN718 parts to overcome the shortcomings which are
inherent to TIG-based welding process. The primary objectives of the thesis work are given as
follows:
i.

To investigate the effects of various welding parameters on the fabrication of full-density
and defect-free as-fabricated (AF) IN718 superalloy parts using WAAM process, and to
conduct

in-depth

post-welding

studies

on

microstructural

and

mechanical

characterization of AF samples.
ii.

To study the effects of standard solution-annealed (SA) treatment on compositional
heterogeneity, microstructure, mechanical and chemical characteristics of AF samples in
comparison with the wrought IN718 product.

iii.

To apply a modified homogenization-annealed (HA) condition to equilibrate the
composition, and to conduct post-HA characterization on microstructure, mechanical and
chemical properties in comparison with the wrought alloy.

iv.

A thorough investigation on the hot-deformation behaviour of equilibrated WAAMfabricated IN718 superalloy parts using the hybrid manufacturing concept to yield a
recrystallized microstructure comparable to wrought IN718 product.
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1.3.Original Research Contributions
The present research topic provides an in-depth understanding of fabricating defect-free IN718
superalloy walls using the concept of advanced wire-based metal-layer additive manufacturing
process by integrating the inexpensive and well-established gas tungsten arc (GTA) or tungsten
inert gas (TIG) welding method. The prime contributions of this research work on the
processing of WAAM-fabricated IN718 superalloy parts are given as below:
i.

A systematic approach has been taken to understand the feasibility of the advanced wirearc based additive manufacturing (WAAM) process in the fabrication of IN718
superalloy parts which is found to be reproducible and repeatable in the manufacturing of
full-density metal walls. The parametric study of the physical processing parameters was
crucial to understand the thermal energy required to produce a stable weld puddle and
determine the geometry of wall for as-fabricated (AF) samples. The complexity of the
thermal behaviour along the build-wall was studied thoroughly which was correlated with
the metallurgical aspects in the evolution of phase formation, compositional
heterogeneity and epitaxial texture, followed by the characterization of mechanical
properties. Thus, it is expected that these achievements can provide proper welding
conditions necessary to produce full-density and near-net shaped IN718 alloy parts using
WAAM-based processes in industrial sectors with large scale production range.

ii.

The versatility of WAAM-processed IN718 superalloy walls in the influence of standard
solution-annealed (SA) procedure was studied elaborately in comparison with a
commercial wrought alloy. The impact of SA process on microstructural heterogeneity,
strength and failure modes of WAAM IN718 alloys was extensively investigated.
Moreover, an initiative attempt has been made to conduct high-temperature oxidation
performance of SA-treated WAAM IN718 alloys in dry-air environment simulating the
severe service conditions in the modern gas turbine engines. The phase formation,
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mechanical property, oxidation kinetics and mechanisms have been investigated
extensively which will be valuable to the researchers in the field of interest.
iii.

In addition, a modified homogenization-annealed (HA) treatment was performed to
eliminate the compositional heterogeneity of WAAM-fabricated IN718 parts which was
followed by in-depth microstructural and mechanical characterization, and hightemperature oxidation behaviour in comparison with its wrought counterparts.

iv.

Finally, a hot-deformation study was conducted using the concept of hybrid
manufacturing process aiming to produce near-net shaped WAAM-fabricated IN718
parts with recrystallized microstructure that could be compatible with its wrought
counterparts. The effects of grain orientation, strain rate and temperature on the serration
behaviour, flow-stress, extent of recrystallization (DRX), and texture of homogenized
IN718 alloy were studied. A constitutive model was developed to predict the peak flowstress and the activation energy to trigger DRX process was determined which will be
useful for mathematical modelling or simulation of hot-workability of WAAM-produced
IN718 superalloy parts.

1.4.Thesis organization
This thesis is systematically organized into 8 chapters which will be highlighted in this section.
Chapter 1 is designated to introduce the problem statement to carry out this research project in
conjunction with the aims and objectives, original research contributions to the state-of-art and
the outline of the thesis.
Chapter 2 provides an elaborate literature survey on Inconel 718 (IN718) superalloy, wire-arc
additive manufacturing (WAAM) process, and the research progress of fabricating IN718
superalloy parts using WAAM process.
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Chapter 3 aims to introduce the raw materials, research instruments and characterization
methodologies used in this work.
Chapter 4 explains the effects of processing parameters (arc current, cold wire feeding rate and
torch travel rate) on the heat input, sample geometry, microstructure, mechanical properties
and failure modes of as-fabricated (AF) single bead IN718 walls produced by WAAM process.
Chapter 5 gives in-depth understanding of applying standard solution-annealed (SA) treatment
on compositional heterogeneity, evolution of phases, mechanical properties and oxidation
resistance of AF IN718 samples fabricated via WAAM process and the results were compared
with a commercially available wrought IN718 alloy.
Chapter 6 investigates the influence of a modified homogenization-annealed (HA) treatment
on the eradication of compositional heterogeneity, microstructural evolution, mechanical and
chemical characteristics of WAAM-built IN718 parts in comparison with its wrought
counterparts.
Chapter 7 studies the hot-deformability of homogenized WAAM-built IN718 superalloy parts
using the concept of hybrid manufacturing process aiming to fabricate a recrystallized
microstructure that can be compatible to its wrought counterparts. The effects of processing
conditions (temperature and strain rate) and sample orientations on serration, flow-stress,
recrystallization (DRX) and texture have been investigated.
Chapter 8 summarizes the main conclusions obtained from this research work and suggests
some recommendations for future research work on the fabrication of IN718 walls using
WAAM process.
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Chapter 2: Literature Review
This chapter gives a comprehensive literature survey which is relevant to the present topic in
order to understand the basic microstructural evolution, solidification kinetics and wire-arc
additive manufacturing (WAAM) processes of Inconel® 718 (IN718) superalloy.
2.1. Introduction to Ni-based Superalloys and IN718
Superalloys are special engineering materials which are designed and used for hightemperature loading conditions under extremely harsh environments. As a result, these alloys
can also be known as heat resisting alloys or high temperature alloys. The nomenclature of the
word ‘Superalloy’ is rather unknown and controversial as it is speculated that the term was
originated from a science fiction character, Superman at the late 1940s. Holistically, the
characterization of superalloys can be given to those alloys that (1) are rich in one of the three
FCC austenite (γ)-matrix strengtheners of Fe, Ni and Co, and (2) can maintain the mechanical
integrity and stabilize the surface degradation processes of the components at elevated service
temperatures in highly stressed and aggressive environments [1]. It is to be understood that the
superalloys are used in specialized applications to withstand high homologous temperatures
(operating temperatures exceed 80% of their melting point) and are expected to retain high
yield, creep and fatigue strengths with superior oxidation and corrosive properties for a
continuous prolonged period of time in a cost-effective manner. In the case of aerospace and
energy industries, these materials (specifically Ni-based superalloys) play pivotal role in
relation to the system fuel efficiency which will have significant importance to the overall
system costs in future as shown in Figure 2.1. As any combustion engine is governed by the
Brayton cycle (or Joule cycle) [38], a higher turbine entry temperature will yield greater
thermodynamic engine efficiency resulting increased fuel efficiency. Thus, the technological
advancement in developing turbine engine architecture and the utilization and development of
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superalloy materials having necessary mechanical and chemical requirements to withstand
such level of thermal loads will have staggering economic and environmental impacts in saving
fuels to provide fuel efficiency [3].

Figure 2.1. The importance of system fuel efficiency to the overall airline cash operating costs
considering the dramatic increase in fuel cost in future [3].
There are three distinct classes of materials considered to be superalloys wherein the
nomenclature is dependent on the predominant metallic element present in the structure to
strengthen the FCC γ-matrix. They are known as iron (Fe) -, nickel (Ni) - and cobalt (Co) based superalloys [1]. Since 1950s up to date, the Ni-based superalloys (Table 2.1) have shown
to be the best precipitation-hardened alloy systems to provide unique combinations of hightemperature phase stability, high strength-to-weight ratio, excellent surface degradation
resistivity and formability which was revolutionized the aerospace industry in the development
of gas turbine jet propulsion technology [39]. The versatility of Ni-based superalloys is derived
from the phase stability of gamma (γ) solid solution of Ni from cryogenic temperatures to hot
turbine temperatures (1200°C) [39], wherein both Fe and Co undergo allotropic phase
transformation along the way. Apart from this, Ni has high solid solubility range of alloying
elements in comparison with other elements (Fe or Co) [40, 41]. This will form high amount
of beneficial hardening substances to promote high strength under proper heat-treatment
conditions as well as provide excellent corrosion and oxidation resistance. However, the
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unstable nature of strengthening precipitates in Ni-based superalloys has been a major limiting
factor in the progress of modern jet turbine engines to increase the inlet temperature for better
thermodynamic efficiency. The search for new alloy systems has been a major topic of current
research interests that can yield much stable hardening substances compared to Ni-based alloys
with required mechanical and chemical properties [42, 43]. But, still Ni-based superalloys are
the only group of alloys able to withstand high-thermal loads in turbine engines maintaining
structural, mechanical and chemical integrity for prolonged period of time. Thus, the
development of Ni superalloys through advanced processing methodologies (single crystal)
combined with innovative cooling designs and thermal barrier coating technologies has
allowed the maximum temperature of jet engines to increase significantly over the years [44]
as shown in Figure 2.2.
The weld repair of precipitation hardened Ni-based superalloy parts was posed serious
difficulty in the quality of weldment in the early 1950s. Due to the expensive nature of Nibased superalloys, the complete replacement of new parts would put severe economic strain on
the overall system cost. Thus, the repairing of degraded parts using suitable filler materials in
the system assembly line is more suitable to extend the service life and economically sound
option. During welding, the microstructure and property of the welded parts can be varied
significantly from that of original base metal. A postweld annealing treatment was necessary
to restore the mechanical strength of the components by dissolving unwanted phases and
precipitating out hardening substance, gamma prime 𝛾 ′ -Ni3(Al, Ti). Due to the rapid hardening
response of 𝛾 ′ precipitates, the weldment rapidly reduced the ductility and suffered from strainage cracking in the heat affected zone. The situation was resolved by lowering the (Al +Ti)
concentrations and adding refractory Nb elements yielding gamma double prime 𝛾 ′′ -Ni3Nb
precipitate which was led to the invention of the first precipitation hardened Ni-based
superalloy of Inconel 718 (IN718) in either the annealed or aged condition [4, 45].
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Table 2.1. The nominal composition of Ni-based superalloys (in wt. %, Ni content is balanced) [1, 46, 47].

Alloy

Cr

Co

Mo

IN718
Rene 41
Nimonic 80A
Waspaloy
Udimet 720

19.0
19.0
19.5
19.5
17.9

11.0
13.5
14.7

3.0
10.0
4.3
3.0

Mar-M246
Rene 80
IN-713LC
C103

8.3
14.0
12.0
15.5

10.0
9.5
10.0

0.7
4.0
4.5
8.5

IN792
GTD 111

12.6
14.0

9.0
9.5

1.9
1.5

CMSX-3
Rene N4
PWA 1480

8.0
9.8
10.0

5.0
7.5
5.0

0.6
1.5
-

CMSX-4
Rene N5
PWA 1484
Alloy

6.5
7.0
5.0
Cr

9.0
7.5
10.0
Co

0.6
1.5
2.0
Mo

W

Nb

Al
Ti
Wrought Alloys
5.1
0.5
0.9
1.5
3.1
1.4
2.4
1.3
3.0
1.3
2.5
5.0
Conventionally Cast Alloys
10.0
5.5
1.0
4.0
3.0
5.0
2.0
5.9
0.6
4.2
3.6
Directionally Solidified Alloys
4.3
3.4
4.0
3.8
3.0
4.9
st
1 generation Single-Crystal Alloys
8.0
5.6
1.0
6.0
0.5
4.2
3.5
4.0
5.0
1.5
nd
2 Generation Single-Crystal Alloys
6.0
5.6
1.0
5.0
6.2
6.0
5.6
W
Nb
Al
Ti
rd
3 Generation Single-Crystal Alloys

Ta

Hf

Re

Ru

Fe

-

-

-

-

18.5
-

3.0
-

1.50
-

-

-

-

4.3
2.8

1.0
-

-

-

-

6.0
4.8
12.0

0.10
0.15
-

-

-

-

6.5
6.5
9.0
Ta

0.10
0.15
0.10
Hf

3.0
3.0
3.0
Re

Ru

Fe
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CMSX-10
Rene N6
TMS-75

2.0
4.2
3.0

3.0
12.5
12.0

0.4
1.4
2.0

PWA 1497
MC-NG
TMS-138
TMS-138A

2.0
4.0
3.2
3.2

16.5
0
5.8
5.8

2.0
1.0
2.9
2.9

TMS-162
TMS-173
TMS-196

3.0
3.0
4.6

5.8
5.6
5.6

3.9
2.8
2.4

TMS-238

6.5

4.6

1.1

5.0
6.0
6.0

0.1
5.7
0.2
8.0
5.8
7.2
6.0
6.0
th
4 Generation Single-Crystal Alloys
6.0
5.6
8.3
5.0
6.0
0.5
5.0
5.9
5.8
5.6
5.6
5.7
5.6
th
5 Generation Single-Crystal Alloys
5.8
5.8
5.6
5.6
5.6
5.6
5.0
5.6
5.6
th
6 Generation Single-Crystal Alloys4.0
5.9
7.6

0.03
0.15
0.1

6.0
5.4
5.0

-

-

0.15
0.1
0.1
0.1

6.0
4.0
5.0
5.8

3.0
4.0
2.0
3.6

-

0.1
0.1
0.1

4.9
6.9
6.4

6.0
5.0
5.0

-

0.1

6.4

5.0

-
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Figure 2.2. The improvement of turbine entry temperature (TET) of Rolls-Royce’s civil aeroengines [44].
IN718 is a commercially established Ni-based superalloy developed by H. L. Eiselstein of Inco
Alloys International, Inc., in the late 1950s. It was a derivative of IN625 superalloy which was
originally aimed to be used for super critical steam power plants to replace 316 stainless steel
[48]. IN718 superalloys showed remarkable persistence to retain its high-temperature strength
up to 700°C in combination with excellent weldability to subside strain-age cracking, good
formability and corrosion resistance. These attributes of IN718 were proven to be far superior
to that of other 𝛾 ′ precipitation hardened Ni-based superalloys, such as 80A, A-286, X-750 and
Waspaloy in 1960s [49]. As a result, both wrought and cast forms of IN718 were quickly
adopted by aero-space industry in the production of gas turbine engine casings, frames, exhaust
nozzles, shafts, turbines disks, seals, spacers, compressors vanes, blades and fasteners [50, 51].
It is still reported to be the workhorse in the aerospace turbine gas industry as 34-50% total
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engine weight was accounted for IN718 products [2, 50]. IN718 was also found to provide a
unique combination of high strength, ductility, impact toughness and corrosion resistance
under cryogenic environments which has propelled and extended its usefulness in various lowtemperature applications. These include space shuttle liquid-fuel rocket engines (turbo-pumps,
tubing valves, injectors, manifolds, and nozzles) [49], electric power plant (bolts, wall blanket,
vacuum vessel, plasma divertor bellows) [49], oil and gas drilling and production (fasteners,
latches, springs, brackets, pump shafts, valve stems and impellors) [49, 52].
2.1.1. Alloy chemistry of IN718
IN718 is a complex alloy system consisting of 15 types of elements. Each element has its own
specific role to play in the contribution to attain the desired microstructure and mechanical
characteristics as shown in Table 2.2. The primary element in IN718 is Ni which stabilizes the
FCC austenite (gamma, γ) matrix and provides the maximum yield stress and good stress
rupture properties at approximately 53 wt. %. Although the stress-rupture strength of IN718
can be improved at higher Ni content, but only at the cost of yield properties [53]. The addition
of Fe, Cr, Mo and Co elements in IN718 is induced the solid-solution strengthening of γ-matrix
of Ni. Due to the abundance of Fe concentration, IN718 is relatively cheaper than that of other
high-Ni containing superalloys and occasionally referred to as nickel-iron based superalloy
[54]. The high-temperature oxidation and corrosion resistance of IN718 are derived from the
high content of Cr in the formation of protective chromia (Cr2O3) scale [5]. It is to be noted
that Cr and Mo content should not exceed the specified limit (Table 2.2) as these elements may
negatively affect the hot-workability of IN718 [53]. The essence of Co in IN718 is not as
significant as in other Ni-based superalloys because 𝛾 ′ is not the main hardening phase in
IN718 [55]. Nb is the most important solute element in IN718 as it precipitates out the main
strengthening phase, 𝛾 ′′ , while Al and Ti yield 𝛾 ′ that provides secondary hardening effect in
γ-matrix with Ni. Nb is also responsible for the evolution of undesirable laves phase, thus the
14

role of Nb in IN718 is complex and correlated with processing conditions and alloying
elements [54]. Lastly, C and N are the only two important trace elements that should be kept
low as these elements form NbC and Ti(CN) particles consuming Nb and Ti from Ni-matrix
which may negatively affect the precipitation-hardening of IN718 superalloy [53].
2.1.2. Constitution of phases in IN718 superalloy
The ideal microstructure of IN718 superalloy consists of primary γ-matrix, 𝛾 ′′ and 𝛾 ′
strengthening precipitates and a small fraction of NbC and Ti(CN) secondary phases in a fullyaged conditions [17, 19]. However, due to the segregation effect during manufacturing process
(such as casting [56] and welding [17]) or prolonged exposure at high-temperature during
service conditions [57, 58], some unwanted phases of delta (δ) and laves may form. In general,
these are the seven phases that are found in IN718 alloy which are summarized in Table 2.3.
The gamma (austenite, γ) structure constitutes the matrix of IN718 superalloy. It has a
prototype structure of Cu-face-centred cubic (fcc) crystal system (Figure 2.3) with
Strukturbericht designation and Pearson symbol of A1 and cF4, respectively. It corresponds to
the Fm3̅m space group with number index 225 [59-61]. The solid solution of γ-matrix is
predominantly consisted of Ni element which is strengthened by the presence of high amount
of other solute elements, such as Fe, Cr, Mo, Co, Al, Ti and Nb as a result of inducing nonuniform local strain in the fcc-γ lattice [62]. Atomic level segregation (micro-segregation) of
heavy solute elements such as Nb, Mo, Ti was observed to occur in this phase during
solidification (casting [56] or welding [63]) by partitioning or rejecting the solute elements
from the pro-eutectic γ core region to the liquid in front of the solid-liquid dendritic interface
[64].
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Table 2.2. The composition and effects of the alloying elements in IN718 superalloy [53-55, 65, 66].
Elements Composition Difference in
(Wt.%)a
atomic size
with Ni (%)b
Ni
50-55
Fe
18
+ 0.8
Cr
17-21
0
Nb
4.75-5.50
- 14.4
Al
0.2-0.8
Ti
0.65-1.15
Mo
2.80-3.30
Co
≤ 1.0
C
≤ 0.08
Mn
≤ 0.35
Si
≤ 0.35
P
≤ 0.015
S
≤ 0.015
B
≤ 0.006
Cu
≤ 0.3
N
≤ 0.02c
a
Ref: [54, 67]
b
Ref: [68]
c
Ref: [69]

- 14.4
- 16
- 8.8
0
+ 43.2
+ 10.4
+ 5.6
+ 12.8
+ 15.2
- 2.4
-

Solid solubility
in Ni at 1000°C
(Wt.%)
100
40
6
7
10
34
100
0.2
20
8
100
-

Effects
γ-matrix stabilizer, precipitation of 𝛾 ′′ , 𝛾 ′ and laves – (Ni, Fe, Cr)2(Nb, Mo, Ti)
Solid-solution strengthening and laves former
Solid-solution strengthening, external oxide and laves former
Precipitation of 𝛾 ′′ , laves, δ plates and Nb-rich carbides, and promote
interdendritic segregation
Precipitation of 𝛾 ′ , internal oxide former
Precipitation of 𝛾 ′ , Ti-rich carbo-nitride former
Solid-solution strengthening and laves former
Solid-solution strengthening and stabilize 𝛾 ′
Precipitation of carbides/carbo-nitrides and grain boundary strengthening
Inhibiting interdendritic phase formation
Solid-solution embrittlement and laves promoter
Promote carbide precipitation
Grain boundary strengthening, improve creep and rupture strength
Stabilize 𝛾 ′′
Ti-rich carbo-nitride former
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Table 2.3. The crystal structures and lattice parameters of phases in IN718.
Phases and chemical formula
γ
γʹ-Ni3(Al, Ti)
γʺ-Ni3Nb

Crystal structure (Space
group)
fcc (Fm3̅m)
fcc (Pm3̅m)
bct (I4/mmm)

δ-Ni3Nb

Orthorhombic (Pmmn)

NbC
Ti(C)N
Laves-(Ni, Fe, Cr)2(Nb, Mo, Ti)

fcc (Fm3̅m)
fcc (Fm3̅m)
Hexagonal (P63/mmc)

Lattice parameter
(Å, 10-10m)
a = 3.594-3.605
a = 3.605-3.607
a = 3.626
c = 7.416
a = 5.141
b = 4.231
c = 4.534
a = 4.425-4.465
a = 4.216-4.331
a = 4.76
c = 7.79

Refs
[70]
[70]
[70]
[71]

[72]
[73]
[63, 70]

Figure 2.3. The unit cell of fcc-γ matrix [59].
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The gamma prime (γʹ) is an ordered intermetallic compound of A3B-type with stoichiometry
of Ni3(Al, Ti). It has a fcc unit cell where Al or Ti atoms occupy all eight corners and Ni atoms
fill up the centre of the six faces [53] as shown in Figure 2.4. It belongs to the prototype
structure of Cu3Au with Pearson symbol and Strukturbericht designation of cP4 and L12,
respectively. It corresponds to the space group Pm3̅m with space group number 221 [59]. The
γʹ phase is coherently precipitated out from γ-matrix maintaining a cube-on-cube orientation
relationship with only one orientation variant: 〈100〉𝛾′ //〈100〉𝛾 , {100}𝛾′ //{010}𝛾 . The
morphology of these nanoparticles is appeared to be near-cuboidal shape with average diameter
of 19 nm [74]. It is regarded to be the secondary precipitation strengthening particle in IN718
superalloy due to its low volume fraction of 4-7 % [75, 76] as the amount of Al and Ti in IN718
is comparatively smaller than that of other Ni-based γʹ hardening alloys (80A, A-286, X-750
and Waspaloy). It was reported that the γʹ particles induced its minor strengthening contribution
through both coherency and order hardening mechanisms [76]. As both γʹ and γ have identical
crystal structure (Table 2.3), the lattice mismatch or coherency strain of γʹ- γ is generally in the
lower positive end and was reported to be 0.407% [76]. As a result, the coherency hardening
of γʹ does not have any significant impact on the overall strengthening of IN718 alloy, but it
allows γʹ nanoparticles to precipitate out from γ matrix more rapidly with low coarsening rate
providing better temperature stability [66]. The ordered γʹ has an antiphase boundary (APB)
energy of 175 mJm-2 which acts as the energy barrier for dislocation movement providing the
order hardening of IN718 alloy [76].
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Figure 2.4. The unit cell of fcc-γʹ precipitate [59].
The gamma double prime (γʺ) is the primary strengthening substance in IN718 due to its
high volume fraction ( 15-16 %) [75, 76]. It is a metastable and ordered intermetallic compound
of A3B-type with stoichiometry of Ni3Nb [53, 66]. It has a body-centred tetragonal (bct) unit
cell of lattice parameters aγ″ = bγ″ = aγ, cγ″ = 2aγ with respect to γ-matrix where Nb atoms occupy
the body-centred position and all eight corners [77] as shown in Figure 2.5. It belongs to the
prototype structure of Al3Ti with Pearson symbol and Strukturbericht designation of tI8 and
D022, respectively. It corresponds to the space group I4/mmm with space group number 139
[59]. Like γʹ, γʹʹ particles are coherent with the γ Ni-matrix exhibiting three variants in
orientation relationship as its c-axis can form parallel to any one of the three <100> directions
of the γ-matrix: [010]γ″ // [001]γ, (100) γ″ //(010)γ ; [100]γ″ // [001]γ, (010)γ″ // (100)γ ; [001]γ″ //
[001]γ, (110)γ″ // (110)γ [77, 78]. In high-resolution TEM (HRTEM) image, the first two
variants are found to be perpendicular to each other giving an elliptical morphology of γʹʹ,
whereas the third variant appears to be in circular form. As a result, the true morphology of γʹʹ
precipitates are in the shape of elliptical-disks with average length and diameter of 17 nm and
5 nm, respectively [74]. Due to the tetragonal crystal symmetry, γʹʹ precipitates showed high
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coherency strains in the γ-matrix inducing significant lattice mismatch of 2.86%. Thus, the
coherency hardening of γʹʹ precipitates was the dominant strengthening mechanism in IN718
alloys due to the higher lattice misfit and volume fraction [76]. However, these also lead to low
thermal stability and slow precipitation rate of γʹʹ particles in comparison with γʹ precipitates
[66] which limit the use of IN718 alloys above 650°C and provide protection against strainage cracking of the weldment [4]. Although γʹʹ phase has much higher APB energy of 296
mJm-2 than that of γʹ, the order hardening mechanism for γʹʹ phases in the strengthening of
IN718 superalloy was found to be unfavourable. Thus, the strengthening of IN718 alloy was
found to be the combined impact of coherency hardening of γʹʹ (and γʹ) and order hardening of
γʹ [76].

Figure 2.5. The unit cell of bct- γʺ precipitate [59].
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The delta (δ) precipitates are thermodynamically stable form of γʺ-phase of identical chemical
formula with plate-like morphology [53, 58]. The δ phase has a prototype structure of ordered
Cu3Ti(β)-orthorhombic crystal system (space group Pmmn, 59) with Pearson symbol of oP8
and Strukturbericht designation of D0a [59]. The incoherent precipitation of δ-phase has the
following orientational relationship with the γ-matrix: {11̅0}𝛾 ║(100)𝛿 ; 〈11̅0〉𝛾 ║[100]𝛿 . As
a result, the precipitation of δ-phase could occur with its close-packed (010) plane along any
one of the four habit {111} γ-matrix planes and the [100] direction of δ-phase precipitation
could be aligned along any one of the three 〈11̅0〉 directions of the γ-matrix. Thus, 12
orientation variants of δ-phase could form in the fcc γ-matrix [58, 71]. The evolution of δ-phase
is predominantly governed by the application temperature of IN718 alloy. At low temperatures
(650°C), the precipitation of δ-phase occurred after prolonged exposure by consuming the
beneficial γʺ-phase from γ-matrix [57]. Since δ-phase is incoherent with γ-matrix, it does not
directly participate in the strengthening of IN718 superalloys, but negatively affects the
ductility [79]. However, the controlled precipitation of δ-phase with blocky-morphology has
shown to provide Zener pinning effect to pin down and stabilize the γ grain growth [80, 81].

Figure 2.6. The unit cell of orthorhombic-δ phase [59].
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Carbides are formed in IN718 alloys as secondary precipitates during either solidification
process [19, 56, 82, 83] or high-temperature aging treatment for prolong period of time [84].
During solidification, the carbide precipitates are heterogeneously distributed throughout the
γ-matrix both along grain boundaries and in the grains and do not have any influence in the
mechanical properties. However, the formation of near continuous carbide layers along grain
boundaries promoted the intergranular failure mode via microvoid coalescence process during
high-temperature aging treatment [84]. There are two types of carbides that can be found in
IN718 alloys. The Nb-rich NbC particles are the prominent carbide phase due to the high
concentration of Nb in IN718 [82]. Another phase is Ti-rich carbo-nitride (CN) in small
quantity having TiN core surrounded by NbC shell and it is believed that TiN particles acted
as heterogeneous nucleation sites for NbC formation and growth [82, 83]. Both NbC and
Ti(C)N particles have shown identical fcc unit cells [72, 73] as shown in Figure 2.7. They
belong to the prototype structure of NaCl with Pearson symbol and Strukturbericht designation
of cF8 and B1, respectively. These crystal structures correspond to the space group Fm3̅m with
space group number 225 [59] which is identical to the γ-matrix as shown in Table 2.3.

Figure 2.7. The unit cell of two interpenetrating fcc sub-lattices for NbC or Ti(C)N [59].
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The laves phase is formed in IN718 alloy during solidification process (casting or welding)
due to the micro-segregation of heavy solute elements (Nb, Mo, Ti) under slow-cooling rate
conditions [56, 63]. It is regarded as a topologically close-packed (TCP) or Frank-Kasper (FK)
intermetallic compound of A2B-type with stoichiometry of (Ni, Fe, Cr)2(Nb, Mo, Ti) [85, 86].
It is a brittle phase and has a prototype structure of MgZn2-hexagonal close packed (hcp) crystal
system (Figure 2.8) with Strukturbericht designation and Pearson symbol of C14 and hP12,
respectively. It corresponds to the P63/mmc space group with space group number 194 [59,
86]. Like δ-phase, the precipitation of laves phase occurred incoherently in the γ-matrix with
the following orientation relationship: (0001)𝐿𝑎𝑣𝑒𝑠 ║{111}𝛾 , (101̅0)𝐿𝑎𝑣𝑒𝑠 ║{110}𝛾 [70]. It is
well-documented in literature that the presence of laves phase in IN718 microstructure is
detrimental to the mechanical properties [87-89]. The laves phase formation requires 10-12%
Nb [56] which can be easily surpassed (19-20 wt. % Nb) by the terminal liquid of IN718 alloy
at the interdendritic region during solidification due to the severe partitioning of Nb elements
[90, 91]. Thus, the presence of laves phase depletes the concentration of Nb in the matrix to
uniformly distribute the strengthening γʺ-phase and consequently reduces the strength. Being
incoherent and brittle in nature, laves particles are the preferential nucleation sites for the
initiation, propagation and growth of micro-void coalescence to form cracks and negatively
impact the strength and ductility [87, 89]. Although IN718 alloys can resist the strain-age
cracking, but it is susceptible to liquation or hot cracking/micro-fissuring during welding
operations if low eutectic melting laves phase present in the heat-affected zone [85, 92]. As a
result, IN718 superalloy components must be homogenized to dissolve the laves phase
completely in the γ-matrix after casting or welding operations unless the solidification
transformation is a diffusion-less process due to the high-cooling rate and low heat input [63,
91].
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Figure 2.8. The unit cell of hcp-laves phase [59].
2.1.3. Solidification metallurgy of IN718 alloy and the effect of cooling rate
The partitioning of Nb in the interdendritic terminal liquid of IN718 in front of the solid-liquid
(S-L) interface during solidification is the single most important incident which will provide
constitutional supercooling (ΔTo), thermal gradient (G), solidification rate (R) and cooling rate
of the system [93, 94] (Figure 2.9) and consequently determine the evolution of phases present
in the microstructure [4]. It was reported that the degree of constitutional supercooling in IN718
alloys during solidification was severe resulting k < 1 [90] which favoured the columnar
dendritic grain growth [56, 94]. The stability criterion of columnar dendritic S-L interface can
be mathematically expressed as: 𝐺 ⁄𝑅 < − ∆𝑇𝑜 ⁄𝐷𝐿 , where DL is the solute diffusivity in liquid
[64, 94, 95]. The ratio of G/R is known as morphology parameter which dictates the
solidification morphology of the solidified structure with respect to thermal gradient and
solidification rate. During arc-based welding, a low value of G can be achieved as a result of
supplying high heat input from welding torch and low cooling rate [96, 97]. Also, the epitaxial
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nucleation of solid provides the faster growth rate increasing the R value [97]. Consequently,
a low value of G/R yields larger supercooled liquid zone (ΔTo) providing severe microsegregation of solute elements which will create local compositional variations within the alloy
and alter the alloy chemistry of IN718 in the evolution of phases [25, 94]. It is also to be
mentioned that the product of G*R is considered to be the local cooling rate in front of the SL interface during solidification which dictates the size of the solidification sub-structure [93].
The variation in cooling rates was found to influence the extent of micro-segregation and phase
formation in alloy IN718 during solidification [91] as shown in schematically in Figure 2.10.
Under slow-cooling rate conditions, the precipitation of small amount of TiN inclusions was
observed to form in the molten liquid prior to the solidification of γ-matrix due to the
segregation of Ti and N [83, 91]. When the liquidus temperature pierced at 1340°C during
cooling, the pro-eutectic or primary γ started to crystallize epitaxially and the molten liquid, Lʹʹ
started to enrich in Nb and C interdendritically. At 10.5 wt.% Nb and 0.25 wt.% C, the eutectic
γ/NbC reaction commenced in the temperature range of 1265-1280°C [82] and it continued to
occur back and forth until the majority of C was consumed to reach the solubility limit of NbC
within the temperature range. As the temperature decreased, γ crystals continued to form
enriching the remaining liquid, Lʹʹʹʹ composition at 19.1 wt.% Nb which would proceed the
γ/Laves eutectic reaction in the temperature range of 1075-1160°C and terminate the
solidification process. As a result, a compositionally inhomogeneous microstructure was seen
to develop which was consisted of Nb-depleted dendritic core region (DCR) having TiN
particles and Nb-enriched interdendritic region (IDR) having NbC and laves precipitates. This
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Figure 2.9. (a) The effect of constitutional supercooling on solidification mode during epitaxial nucleation, and (b) the influence of thermal
gradient and solidification rate on solidification mode [94].
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is a typical microstructure that was observed during casting and welding operations [19, 56].
On the other hand, a diffusion-less transformation was observed to occur in the formation of a
cell-like morphology of IN718 structure under high cooling rate condition by increasing the
solid solubility and diffusion rate of Nb in the solid γ-matrix. Thus, the IDR possessed small
amount of NbC and less segregation of Nb, and the detrimental laves particles were not visible
[91].

Figure 2.10. The non-equilibrium solidification paths of alloy IN718 at different cooing rates
[90, 91].
2.1.4. Time-Temperature-Transformation (TTT) diagram and Heat-treatment cycles
Various standard heat-treatment (SHT) processes for IN718 superalloy parts are applicable in
order to obtain the desired microstructure and mechanical properties which are dependent on
the variation of manufacturing routes, compositional heterogeneity and real-life application
scenarios. The correlation of the range of temperatures and Nb concentration in the
precipitation of various phases during a SHT process can be summarized in Table 2.4. [56]. A
time-temperature-transformation (TTT) diagram is usually used to precipitate out necessary
phases of interest in IN718 alloy as shown in Figure 2.11 [37] which is strongly affected by the
compositional heterogeneity in the structure [98]. Fundamentally, a post SHT process should
be employed to (1) dissolve detrimental laves phases and equilibrate the Nb concentration in
γ-matrix, and (2) precipitate out the strengthening particles of γʺ and γʹ uniformly, and also
small quantity of δ-phase along grain boundaries.
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Table 2.4. The stability ranges of various phases in alloy IN718 [56].
Phases
γʹ
γʺ
δ
Laves

Solvus temperature range (°C)
593.3 – 704.4
704.4 – 898.89
871.1 – 1010
1093.3 – 1260

Required Nb concentration (wt/%)
below 4
4
6-8
10-12

Figure 2.11. A TTT diagram for IN718 alloy under homogenized condition [37].
The Alloy IN718 is mostly used in the wrought form which was subsequently re-melted
multiple times to reduce the segregation effect and finally hot-deformed to produce refined
grain structure with the desired shape of the final product [99]. As a result, wrought products
show more homogeneous composition and finer grains than that of cast products. Table 2.5
shows the list of SHT processes used for wrought and cast IN718 parts. SA-1 treatment is
considered to be the optimum SHT for IN718 alloys as it gives the best combined mechanical
properties in terms of high notch rupture strength, room-temperature tensile and yield strengths
and fatigue strength [100, 101]. The high-temperature SA-2 condition was favoured in tensile28

limited applications yielding the best traverse ductility in large sections, impact and lowtemperature notch tensile strengths [100]. The SA-3 treatment of IN718 alloy is also a tensilelimited specification used for oilfield applications where the fracture toughness is of highest
importance [52]. The DA treatment is recommended to apply in high-quality wrought IN718
products in order to obtain high tensile and fatigue strengths which are required for compressor
and turbine disk applications [102]. The SHT process for cast IN718 alloy parts is slightly
different from that of wrought alloys. Due to the severe micro-segregation of Nb and the
presence of laves particles, an additional high-temperature homogenization treatment is
required with necessary precaution to maintain the temperature at the lower end of laves solvus
temperature (Table 2.4). It would avoid incipient melting of laves particles at γ grain
boundaries to prevent liquation or intergranular cracking [4]. Then, a solution-annealed
treatment is applied to precipitate out δ in order to improve the notch brittleness, and γʹ/γʺ to
strengthen the γ-matrix which is essentially identical to SA-1 process.
Table 2.5. Various SHT cycles for IN718 alloys used in industrial applications.
Form
Nomenclature
Wrought Solution-annealed
(SA-1)

Casting

Standards
AMS* 5596
AMS 5663
AMS 5589

Solution-annealed
(SA-2)

AMS 5597
AMS 5664
AMS 5590

Solution-annealed
(SA-3)

API** 6A718

Direct-aging (DA)

-

Homogenizationsolution-annealed
(HSA)

AMS 5383

Heat-treatment cycle
(954 – 996 ± 14°C) for 1 hr/air
cooling + (718 ± 8°C) for 8
h/furnace cooling at 55°C/h to (622
± 8°C) for 8 h/air cooling.
(1052 ± 14°C) for 1 hr/air cooling
+ (760 ± 8°C) for 10 h/furnace
cooling at 55°C/h to (649 ± 8°C)
for 8 h/air cooling.
(1021 – 1052)°C for 1 – 2.5 hr/air
cooling + (774 – 802)°C for 6-8
h/air cooling.
(718 ± 8°C) for 8 h/furnace cooling
at 55°C/h to (622 ± 8°C) for 8 h/air
cooling.
(1093 ± 14°C) for 1-2 hr/air
cooling + (954 - 982 ± 14°C) for 1
h/air cooling + (718 ± 8°C) for 8

Ref.
[53,
100]

[53,
100]

[103]

[102]

[67]
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h/furnace cooling at 55°C/h to (622
± 8°C) for 8 h/air cooling.
* AMS = Aerospace Materials Specifications (AMS) from the Society of Automotive Engineers
(SAE).
**

API = American Petroleum Institute.

2.2. Oxidation of Ni-based IN718 alloy
Due to the technological advancement in infrastructural designs, internal cooling channels and
thermal barrier coatings (TBCs), it was possible to implement the high-oxidation resistant
alloys (especially Ni-based superalloys) beyond their metallurgical limits in gas turbine engines
to increase the turbine gas entry temperature and improve the overall engine efficiency.
However, the diffusion of oxygen anions thorough the porous TBC might penetrate and interact
with the metal cationic species after prolonged exposure in the hot combustion gas leading to
oxide scale growth. An excessive growth of oxidation layer can be detrimental to the
mechanical stability of the junction between superalloy-bond coat-TBC which may lead to the
physical damage of TBC partially or completely exposing and overheating the superalloy
component parts. This will subsequently progress to metallurgical changes in the superalloy
structure and the component may loss its mechanical integrity [104]. In the present study, the
oxidation performance of IN718 superalloy parts has been investigated in the presence of dry
air (oxygen) at high-temperature regimes. Thus, this section is limited to theoretical as well as
experimental oxidation-related information in phase formation, oxidation kinetics and
mechanisms of IN718 alloys in dry oxygen atmosphere.
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As a result, it is vital to understand and predict the possible interaction mechanisms between
superalloy-bond coat-TBC interfaces in terms of phase formation, stress development and
failure processes
In general, oxidation is a chemical reaction process where the metal elements are oxidized by
losing electrons to form metal ions (cations), and oxygen molecules are reduced by gaining
electrons to form oxygen ions (anions). Thus, the oxidation mechanism is an environmentallyinduced deterioration process where the metals or alloys are gradually consumed to form metal
oxides at high-temperatures. The key aspect of the formed metal oxide scale is its
protectiveness from further or faster oxidation reaction with oxidizing environment which can
be determined by the stability, growth kinetics and adherence of the oxide scale with the
underlying metal/alloy piece. Technologically, the practical implication of oxidation process is
to understand the compositional and microstructural changes in the alloy system at hightemperature applications which will eventually lead to component failure due to the loss of the
required load-bearing ability of the alloy.
2.2.1. Thermodynamics and oxide phase stability
According to the second law of thermodynamics, the spontaneity of a chemical reaction in a
system can be expressed by the change in Gibbs free energy at constant temperature and
pressure as stated in equation 2.1,
∆G = ∆H − T∆S

(2.1)

When ΔG < 0, the reaction will be spontaneous. If ΔG ≥ 0, the reaction is considered to be nonspontaneous or in equilibrium. Generally, the driving force for an oxidation reaction between
an arbitrary metal (M) and oxygen (M + O2 = MO2) at high-temperatures is expressed by the
Gibbs free energy of the formation of the oxide phase in standard state (1 atmosphere and 25°C)
at equilibrium which can be presented in the following equation:
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∆𝐺 𝑜 = 𝑅𝑇 ln 𝑝𝑂2

(2.2)

This equation provides a thermodynamic understanding for the spontaneity of an oxidation
reaction at a certain temperature and partial pressure of oxygen as the more negative value of
ΔG° indicates the oxide phase formation is more stable. The partial pressure of oxygen in
equation 2.2 is denoted as the dissociation pressure when the metal and oxide are in
equilibrium. At a constant temperature, a metal will become more unstable to form metal oxide
if the partial pressure of oxygen in the system is higher than that of the dissociation pressure
and vice versa. The graphical representation of this correlation can be found from the
Ellingham diagram (Figure 2.12) which is used to determine the values of ΔG° and dissociation
pressure for a particular metal oxide reaction at constant temperature. It is seen that a metal
will oxidize readily if the equilibrium line is situated at the bottom of the graph at a constant
temperature due to having lower partial pressure of oxygen. This concept can be used to
understand the stability of oxide phases from this diagram when dealing with a multicomponent alloy system where more than one reactive elements are present. When the alloy
surface is covered by a dense oxide layer, it will develop a gradient of oxygen partial pressure.
The least stable oxide will form at air/oxide interface where the partial pressure of oxygen is
the highest, and the most stable oxide can form at oxide/metal interface where the oxygen
partial pressure is the lowest [105].
In case of Ni-based IN718 superalloys, alumina (Al2O3) is the most stable oxide phase and NiO
is the least stable oxide phase to form in the multi-phase oxide layer as tabulated in Table 2.6.
At very high-temperatures, IN718 also form various mixed oxide phases of TiNbO4 [106] and
spinel-MnCr2O4 [107]. There is no thermodynamic data available for the oxide phase of
TiNbO4 in literature. The equilibrium ΔG° value for spinel-MnCr2O4 was found to be –
1162.237 kJ mol-1 [108].
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Figure 2.12. The Ellingham diagram [109].
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Table 2.6. The stability of oxide phases in IN718 alloy at 1000°C [109, 110].
Elements
Al
Ti
Mn
Nb
Cr
Ni

Oxide phase
Al2O3
TiO2
MnO
NbO2
Cr2O3
NiO

ΔG° (kJ mol-1)
- 836.80
- 669.44
- 577.39
- 564.84
- 523.00
- 251.04

Dissociation pressure, 𝑃𝑂2 (atm)
10-34
0.3 x 10-27
0.3 x 10-24
0.5 x 10-23
10-22
10-11

2.2.2. Formation and growth of oxide scale
Although the thermodynamic understanding is only useful to visualize and predict the
possibility in the formation of oxide products, it is unable to provide the individual steps or
kinetics of an oxidation reaction in the formation of oxide phases. The oxidation steps of a
clean metal surface can be qualitatively described as follows:


The physical adsorption of oxygen molecules must occur on the clean metal surface,
followed by dissociation, chemisorption and ionization in the formation of oxygen anions.



Oxygen anions interact with metal cations to form oxide nuclei. These nuclei begin to grow
laterally until a compact oxide layer is developed to cover the entire metal surface.



The solid-state diffusion of anions and cations through the oxide layer must occur to
continue the thickening or growth of oxide layer perpendicular to the metal/oxide interface.

The schematic representation of the oxidation steps is shown in Figure 2.13. Under most
atmospheric conditions, the first two stages of the oxidation process (Figure 2.13a-b) are very
rapid and the oxidation period over which these processes are rate controlling, is rarely
observed [111, 112]. These processes can be considered as the rate-controlling steps under
some special circumstances such as using an oxidizing medium (CO-CO2) with a very slow
surface reaction [113] or oxidation reaction at low oxygen partial pressure [114]. From the
engineering application point of view, the formation of a continuous oxide layer on top of the
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metal surface is often considered to be the rate controlling step as it slows down the oxidation
process. Due to the formation of this layer, the oxygen and the metal surface get separated from
each other and further scale growth can only be possible via ions migration through the oxide
layer which obeys the parabolic rate law. As a result, almost all high-temperature resistant
alloys can form a protective oxide scale and are designed to yield chromia (Cr2O3) and Al2O3
oxide layers. The oxide layer of SiO2 (silica) is also formed a protective layer in refractory
metal surfaces with better thermal expansion matching. However, SiO2 is unstable at low
partial pressure applications as it dissociates to form gaseous species like SiO. The Cr2O3
forming alloys also show temperature limitations above 1000°C due to the volatilization of
Cr2O3 to CrO3 (g). Thus, Al2O3 shows the best oxidation resistance against high-temperature
applications even above 1000°C [109, 112]. The formation of oxide layers is occurred due to
the agglomeration of multiple oxide nuclei developing incoherent boundaries (grain
boundaries) in between nuclei crystals and thus these are polycrystalline [112].

Figure 2.13. The initial reaction stages between a clean metal surface and oxygen atmosphere:
(a) Adsorption of oxygen molecules on the metal surface, (b) nucleation and lateral growth of
oxide crystals, and (c) growth of oxide layer via solid-state diffusion of cations and anions
[112].
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High-temperature oxidation-resistant alloys are multi-component materials having more than
one reactive elements. As a result, the study of these alloy systems are complicated due to the
possibility of forming multiple oxide scales (completely or partially insoluble) or single solidsolution mixed-type oxides (completely soluble). The high-temperature oxidation of a binary
alloy model AB can be crudely understood by categorizing the effects of alloying elements into
two specific cases as shown in Figure 2.14 [109, 115, 116]. In case 1 as shown in Figure 2.14a,
the element A is nobler than B and the composition of B will determine the evolution of oxide
phases. If the alloy AB contains the concentration of B below the critical/threshold level
(Bcritical), then the precipitation of BO will commence internally as discrete particles in the
matrix of A and the depth of penetration of BO particles is assumed to be limited by the finite
solubility of oxygen anions at atmospheric oxygen pressure. On the other hand, if AB alloy
possesses enough amount of B in the system which will surpass the critical level, then the
oxidation of BO will proceed in the form of a continuous layer exclusively externally above
the alloy matrix depleted in B. In both situations, the oxidation of AO does not occur as the
dissociation pressure of AO is higher than that of the oxygen partial pressure in atmosphere.

Figure 2.14. Schematic illustration of cases of oxidation of binary alloy AB with varying
composition of B: (a) element B is more reactive, and (b) BO oxide is more stable [109, 115].
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In Figure 2.14b, the case 2 represents a scenario where the both elements produce stable oxides
of AO and BO, in which BO is more stable than AO and the composition of B again determines
the formation of oxide layers. This is the predominant oxidation mechanism in hightemperature oxidation resistant alloys (especially Ni-based superalloys) in the formation of
multi-layered oxide scales. When the concentration of B is below the critical level, an oxide
layer of AO can only form externally as it is less stable and thus requires high partial pressure
of oxygen which can be found at air-alloy (AB) interface at the beginning of oxidation and at
air-scale (AO) interface after the formation of a thin AO layer. Since BO is more stable oxide
phase, it is capable of precipitating out as internal oxide particles in low partial pressure of
oxygen at AO-alloy interface. However, only a single layer of BO is formed when the
concentration of B exceeds the critical composition level and this is the basis of developing
high-temperature oxidation resistant alloys and coatings acknowledging the fact that the
continuous oxide layer of BO is protective scale like Cr2O3 and Al2O3. This type of scale
growth obeys parabolic rate of oxidation (section 2.2.3) and the oxidation process of scale
growth (activation energy) is mainly driven by the outward diffusion of B cations through BO
oxide layer at the air-BO interface.
This concept of oxide layer formation in a binary AB system can be implemented to visualize
and understand the oxidation mechanism in Ni-based IN718 superalloy to some extent
according to work done by Giggs and Pettit on Ni-based Cr-Al alloys [117]. If the compositions
(wt.%) of Cr < 20% and Al < 6%, an external oxide of less stable NiO was formed with internal
sub-scale of Cr2O3, Al2O3 and Ni(Cr,Al)2O4 as both Cr and Al might not enough to satisfy the
critical composition levels. When Al > 6% irrespective of Cr%, only a continuous and compact
external scale of Al2O3 was seen to develop which satisfied both the cases of 1 and 2 in Figure
2.14 as Al is more reactive than Ni and Cr as well as Al2O3 is more stable than NiO and Cr2O3
(Figure 2.12 and Table 2.6). At Cr ≥ 20% and Al < 6%, the multi-scale oxide layers were
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composed of external Cr2O3 and internal sub-scale of Al2O3 which is the main oxidation
process of IN718 superalloys at intermediate temperatures (up to 750°C) [107]. However, at
very-high temperature regimes (850-950°C), the selective oxidation of Al, Ti, Mn, Nb and Cr
occurred simultaneously and developed a complex multi-phase oxide scale as shown in Figure
2.15 [107]. It was composed of an external Cr2O3 layer with outermost layer of TiO2 – MnCr2O4
at scale-air interface, an inner Nb-rich layer at scale-alloy interface and an internal sub-scale
of Al2O3 and TiO2. The formation of outermost layer of TiO2 – MnCr2O4 was reported to occur
due to the lattice diffusion of Ti+4 and Mn+2 cations through Nb-rich inner layer and external
Cr2O3, respectively [107, 118]. The Nb-rich inner layer was resulted in scale-alloy interface
due to the low chemical composition and high thermodynamic stability of Ti and Nb elements
at low partial pressure of oxygen. Recent studies have been found out that the Nb-rich layer is
NbTiO4 [106, 118]. The spalling of mixed oxide scale of TiO2 – MnCr2O4 was also observed
due to the difference in the thermal expansion coefficients of (TiO2 – MnCr2O4) and Cr2O3
phases which might lead to the evaporation of Cr2O3. Al shows the largest affinity towards
oxygen (Table 2.6) resulting preferential growth of Al2O3 within the γ grains and along the
grain boundaries where the partial pressure of oxygen is the lowest. The preferential oxide
formation along the grain boundaries was favoured as these channels provided short circuit
path for the easy diffusion of cations and anions during the oxidation process [107].
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Figure 2.15. The oxidation mechanism of IN718 alloy in oxygen atmosphere at 950°C: (a)
initial stage, (b) transient stage, and (c) steady-state stage [107].
2.2.3. Kinetics of oxidation
The oxidation kinetic of a reaction is defined as the rate (mass gain per unit area over time) at
which a metal or alloy is consumed to form oxide products in an oxidizing environment
assuming that the oxide layer is adherent to metal surface and does not suffer from spallation.
It is dependent on several factors, such as temperature, time, oxygen partial pressure, alloy
composition, gas composition, surface pre-treatment, and the nature of oxidation cycle [109,
112, 119]. The oxidation kinetics can be classified into four different rate laws according to
Seybolt [120]. These are linear, cubic, logarithmic and parabolic rate equations. The linear rate
law is observed for porous oxide layers which are non-protective. Both the cubic and
logarithmic rate laws are derived to explain the oxidation kinetics for thin film formation. In
the context of high-oxidation resistant alloys, the parabolic rate law is the most important and
desirable outcome to predict the formation of a continuous, compact (non-porous), dense and
protective oxide layer at high-temperature regimes. Almost all cases, high-temperature
resistant alloys produce either Cr2O3 or Al2O3 oxide scale in order to separate the metal and
oxidizing atmosphere, and thus lower the rate of oxidation. It is to be understood that although
oxidation rate law is crucial to predict the continuity of the kinetic of an oxidation reaction for
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an alloy, it does not provide any indication to evaluate the oxidation mechanism of oxide phase
formation.
2.2.3.1. Linear rate law
When the growth of an oxide scale (x) or the increase in weight per unit area (w/A) over time
remains to be constant, the oxidation kinetics can be fitted to the linear rate law as follows:
𝑤
𝐴

= 𝑘𝑙 𝑡

(2.3)

Where, kl is the linear rate constant in units of (gm/cm2)/sec. It is also known as planer phase
boundary process as the diffusion of ions was controlled in the growth of oxide film at the
metal/gas interface. The linear kinetics of oxidation process are often observed in nonprotective (porous) oxide film (such as alkali metals), very thin oxide film at the beginning of
oxidation process, weak oxidation atmospheres (such as dilute oxygen (low oxygen partial
pressure) or CO-CO2 gas mixtures), exposed surfaces due to spallation or breakaway oxidation
[104, 109, 112, 119, 120].
2.2.3.2. Cubic rate law
The oxidation kinetics of cubic rate law was first hypothesised by Mott [121] for oxide films
producing a positive space charge in the oxide. As a result, both positive ions and positive holes
would diffuse through the oxide since the energy required to transport an electron from metal
into the oxide would be lower than the energy required to move the positive hole away from the
oxide/gas interface. Under this circumstances, the rate equation can be given in the following
form:
𝑤 3

( 𝐴 ) = 𝑘𝑐 𝑡

(2.4)

Where kc is the cubic rate constant. There has been few examples available in literature where
the increase in oxide weight per unit area was found to be considerably higher at low oxidation
temperatures which was best fitted with the cubic rate law [122]. According to Seybolt [120],

40

the cubic rate law was observed in a completely equivocal manner as it might overlap with other
rate laws, such as logarithmic rate law [122] (section 2.2.3.3).
2.2.3.3. Logarithmic rate law
In the oxidation of metals under certain conditions (low temperatures up to 400°C), the initial
growth rate of oxide scale was found to be very rapid, followed by significant reduction in the
growth rate. This type of oxidation behaviour of thin film formation in the order of 30-40 Å can
be best fitted to the logarithmic rate laws in the following forms [119, 121]:
𝑥 = 𝑘𝑙𝑜𝑔 𝑙𝑜𝑔(𝑡 + 𝑡𝑜 ) + 𝐴 (Direct logarithmic law)

(2.5)

1⁄ = 𝐵 − 𝑘 log 𝑡 (Inverse logarithmic law)
𝑖𝑙
𝑥

(2.6)

Where Klog and Kil are rate constants. The interpretation of the equation 2.5 was provided by
Mott [121] where the initial high growth rate of oxide scale was controlled by the quantum
mechanical tunnelling of electrons until the thickness of oxide scale reached a maximum value
to exceed the tunnelling effect and reduced the growth rate drastically. The mechanism of scale
growth in the explanation of inverse log law was involved by creating a strong electric field
(space charge) across the scale between metal ions and oxygen ions. As the scale thickened
above 100 Å, the field strength weakened to give very low reaction rates [119, 123].
2.2.3.4. Parabolic rate law
The formation of a dense and non-porous oxide scale during oxidation process prevents further
oxygen-metal contact which will slow-down the oxidation rate in the formation of oxide scale.
Under these circumstances, the oxidation process becomes an electrochemical reaction process
of the diffusion of ionic species (metal cations or oxygen anions or both) through oxide scale
where the oxide-oxygen interface acts as cathode, the metal-oxide interface serves as anode
and the oxide scale itself behaves as both electrolyte and electron lead as shown in Figure 2.16.
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Figure 2.16. The schematic illustration of diffusion process of ions through protective oxide
scale [109].
This type of processes are usually thermally activated and maintain a concentration gradient of
ions across the oxide scale. However, the nature of ionic migration across the oxide scale is
dependent solely on the point defect chemistry of the oxide phase. If the diffusion process is
dominated by conducting the metal ions due to the abundance of metal ions interstitial or
vacancies in the oxide lattice, the growth of oxide scale will proceed externally at the scale/air
interface. On the other hand, if the oxide defect chemistry supports oxygen anion transportation
providing anions interstitial or vacancy lattice sites, then the oxide scale will grow in inward
direction at the interface between scale and metal. According to Fick’s first law of diffusion,
the rate of diffusion of ions crossing per unit oxide area (J) can be given as follows:
𝑑𝐶

𝐽 = −𝐷 𝑑𝑥

(2.7)
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Where, D is the diffusion coefficient of ions, and dc/dx is the concentration gradient of
diffusing ions. Under the assumption of linear concentration gradient (Δc) of diffusing ions
over a distance x, dc/dx will become Δc/x. Also, the growth of oxide layer per unit time depends
on the rate of diffusion of ions crossing per unit oxide area (J) so that
𝑑𝑦
𝑑𝑥

= 𝐽Ω

(2.8)

Where, Ω is the volume of the oxide per ion.
From equations 2.7 and 2.8, we get,
𝑑𝑥
𝑑𝑡

=

𝐷∆𝐶Ω
𝑥

(2.9)

Upon integrating the equation 2.9 for x=0, t=0 and x=x, t=t, we get
𝑥 2 = 𝐾𝑝 𝑡

(2.10)

Where, Kp (=2DΔCΩ) is the parabolic rate constant. Equation 2.10 is the parabolic rate law
[109, 121, 124] which is hold true for Ni-based oxidation-resistant superalloys at hightemperatures. In case of IN718 superalloys, a sub-parabolic rate of oxidation reaction was
observed and the value of Kp were seen to increase by an order of magnitude as the oxidation
temperatures increased. Like all thermally activated chemical reactions, the oxidation reaction
of IN718 in the formation of oxide scale required an activation energy of 249 ± 20 kJ mol-1 due
to the migration of cationic species which was dominated by the diffusion of Cr+3 cations in
the formation of Cr2O3 [107].
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2.3. Recrystallization mechanism in hot-deformed Ni-based IN718 superalloy
The metal forming processes are designed to serve two specific purposes. Firstly, these
methods must convert the ingot alloy parts into useful structural components by obtaining the
desired shape and size in macroscopic scale, and secondly, these should refine the grain
structure to yield isotropic mechanical properties in microscopic scale. Thus, the thermomechanical treatments are performed on the structural components of Ni-based superalloys in
order to transform the basic material into a designed specific shape with superior properties.
Ni-based superalloys possess high intrinsic strength which would result in high level of work
hardening phenomenon. So the deformation processes of these alloys are performed at
relatively high-temperatures (1000°C) to lower the flow stress behaviour of the material
enabling the ease in deformation process [99, 125]. The softening (or restoration) mechanisms
are referred to as dynamic recovery (DRV) and dynamic recrystallization (DRX) when the
deformation is carried out at high temperatures. The dominant softening mechanism and
microstructural development during deformation at high temperatures are found to be
dependent on the stacking fault energy (SFE) of the material.
For high SFE materials (Al, α-iron and ferritic steels), the DRV mechanism is the dominant
softening process forming low-angle grain boundaries and sub-grains due to the annihilation
and rearrangement of dislocations via glide, climb and cross-slip. Dislocations of opposite
signs, either on same glide plane or on different glide planes due to the thermal activated climb
process, will cancel out each other. The annihilation of screw dislocations was observed to
occur through non-planar cross-slip process at low homologous temperatures for high SFE
metals or at high temperatures for low SFE metals. This implies that the DRV process is quite
rapid and extensive in high SFE metals and can be regarded as the only restoration mechanism.
A typical DRV flow curve is generally shown to increase the flow stress until it reaches a steady
state condition to give a saturated stress (𝜎𝑠𝑎𝑡 ) value (Figure 2.17). A dynamic equilibrium is
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achieved between the rates of DRV and work hardening (WH) in steady state deformation due
to the constant density of the dislocations within the subgrains [125, 126].

Figure 2.17. Schematic illustration of flow behaviour during DRV and DRX processes [127].
The formation of subgrains during recovery of dislocations (DRV) was presented by Sandstrom
et al. [128] which was consisted of four processes: (i) dislocations annihilation in pair within
the subgrain, (ii) dislocations annihilation in pair in the subgrain boundaries, (iii) transfer and
absorption of dislocations at the subgrain boundaries, and (iv) transfer and emission of
dislocations from the subgrain boundaries. At high temperatures, the pair annihilation
processes (i) and (ii) are faster than that of transfer mechanisms (iii) and (iv) as long as the total
dislocation densities are remained to be higher than that of residual dislocation densities [128].
The mechanisms of dislocations interaction and DRV are highly sensitive to the deformation
conditions. The dislocation-dislocation interaction and multiplication were found to be the
dominant factor during deformation process either at higher strain rates and lower deformation
temperatures or with increasing strain rates at constant temperature as shown in Figure 2.18.
On the other hand, the DRV process was become more favourable at higher temperatures and
lower strain rates or with increasing temperatures at constant strain rate as the annihilation and
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transfer of dislocations, and the migration of sub-grain boundaries were more rapid under high
deformation temperature conditions [125, 126, 129].

Figure 2.18. The effects of strain rates on flow-stress behaviour and DRV in Al-1%Mg at
400°C [125].
For metals that show low-to-medium level SFE such as Ni, Cu and γ-Fe, it is customary to
observe that the softening mechanisms possess the dynamic recrystallization (DRX) along with
WH and DRV as shown in Figure 2.17. The simplified explanation of DRX softening process
is involved in the nucleation of new strain-free grains at the high-angle initial grain boundaries
by consuming strained initial grains. At the same time, the newly formed recrystallized grains
start to accumulate dislocations with continued straining the material. As a result, the driving
force for the grain growth of recrystallized grains is reduced and ceased to grow. In addition,
multiple nucleation of recrystallized grains at the migrating grain boundaries may further cause
the reduction of grain growth [125].
The typical characteristics of a true stress-strain flow curve for DRX softening process during
hot deformation can be categorized in three stages as shown in Figure 2.17. Firstly, the rapid
increase in flow stress at the lower strain regions was observed due to the dislocation
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interactions and multiplications where both WH and DRV operated, and WH was the
predominant mechanism. Secondly, the simultaneous operation of WH, DRV and DRX was
started at the critical strain (𝜀𝑐 ) which was the initiation point of DRX at the original grain
boundaries as result of strain-induced grain boundary migration. At the peak stress (𝜎𝑝 ), the
DRX process was become the dominant softening mechanism and exceeded WH. At the third
stage, the flow stress values gradually decreased to reach at a steady state (𝜎𝑠𝑠 ) where the
newly recrystallized DRX grains were continuously consumed and replaced the original grains
[125, 129, 130]. Thus, the mechanism of DRX process is involved in nucleation and growth
processes of creating high-angle grain boundaries in order to reduce the dislocation density as
it was not possible to store more immobile dislocations via WH and DRV mechanisms for lowto-medium level SFE materials. This is the reason that this process is known as discontinuous
dynamic recrystallization (DDRX) process. In case of high SFE metals, the formation of highangle grain boundaries does not involve any nucleation and growth process. Rather, the
recrystallized grains of high-angle boundaries are developed by progressively rotating and
increasing the misorientation angle of the low-angle DRV sub-grain boundaries with continued
straining the materials. As a result, this process is known as continuous dynamic
recrystallization (CDRX) process during high-temperature deformation [129].
The nucleation of recrystallized grains via DDRX mechanism can occur at high-angle
boundaries of either original grains or recrystallized grains or deformation bands or twins. A
critical condition for nucleation has to be met which is found to be highly dependent on the
dislocation density. In the cases of high SFE metals, the DRV process occurs readily reducing
the dislocation density in the process and the critical value for recrystallization never achieves.
On the contrary, the DRV process is very sluggish for low-to-medium SFE materials which
will allow the increase in dislocation density during straining the materials and reaches the
necessary critical value for DRX to occur [125]. The phenomenon of distribution and density
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of dislocations in the migrating boundary of DRX process was proposed by Sandstrom and
Lagneborg [131] as shown in Figure 2.19. A migrating DRX boundary is moving from left to
right at a velocity of Ẋ into the unrecrystallized material with maximum dislocation density of
𝜌𝑚 . As the boundary advances, the dislocation density is reduced gradually due to DRX process
and becomes zero at the tip of migrating boundary point of A. However, with continued
deformation, the dislocation density raises in the DRX grain to 𝜌𝑥 at a distance of x behind the
point A, and eventually will reach the value of 𝜌𝑚 at large distance satisfying the critical
condition for DRX nucleation.

Figure 2.19. The schematic illustration of dislocation density at a dynamic recrystallization
front [125, 131].
The nucleation of DRX grains starts at the high-angle boundaries of original grains above a
critical strain during deformation process is shown in Figure 2.20a. The microstructure evolves
into a necklace structure of DRX grains as shown in Figure 2.20b-c when the original grain
diameter (D0) happens to be much larger than that of the recrystallized grain diameter (DR).
The successive necklace layer formation will lead to the evolution of thickening band of DRX
grains and eventually consumes and replaces the coarse original grain with small DRX grains
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(Figure 2.20d) [125]. A micrograph of Cu which has undergone partial DRX is shown in Figure
2.21.

Figure 2.20. The evolution of DRX grains: (a)-(d) coarse initial grains, (e) small initial grains.
The prior grain boundaries are indicated by the dotted lines [125].

Figure 2.21. The formation of DRX grains at prior grain boundaries in polycrystalline Cu at
400°C under strain rate of 2 x 10-2 and strain of 0.7 [132].
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2.4. Additive Manufacturing (AM)
The ISO/ASTM 52900:2021 standard is defined the term additive manufacturing (AM) as a
“process of joining materials to make parts from 3D model data, usually layer upon layer, as
opposed to substrative manufacturing and formative manufacturing methodologies” [133].
Thus, the basic concept of AM technologies or processes is to produce value-added component
parts of near-net shape directly from the automated 3D computer aided design (CAD) model
with sophisticated and complex geometries which will minimize human interaction, design
cycle, infrastructural space, lead time, overhead cost, wastage of materials and labour cost
[134]. The term AM can also be used interchangeably with other historical terms including
additive fabrication, additive processes, additive techniques, additive layer manufacturing,
layer manufacturing, solid freeform fabrication, freeform fabrication and metal additive
manufacturing [133, 135]. The history of computer-aided AM processes is dated back to the
early 1980s when Charles W. Hull was successfully created the first-ever 3D printed part in
1983 by using the Stereolithography process which was patented in 1984 [136] and
commercialized in 1987 [137]. Since then, the AM processes have been evolved and developed
exponentially by producing complex shaped products with minimum manufacturing time due
to the advancement in technology which have been summarized in Table 2.7.
Table 2.7. A brief history and evolution of computer aided AM processes [134].
Year
1983
1984
1986
1987
1988
1989
1990

Description
1st AM process called Stereolithography was invented by Charles Hull
Bill Masters, an American Entrepreneur filed a patent for computer automated
manufacturing process and system
3D systems enter in the business market by commercializing first 3D printer
SLA-1
EOS developed and commercialized DMLS system
1st commercialization of powder laser deposition system by OPTOMAC
Material extrusion AM process developed and patented by Scott Crump
Fused deposition modelling (FDM) was commercialized by STRATASYS
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Year
1992
1993
1994
1995
1996
1997
1998
1999
2000
2001
2002
2003
2005
2006
2007
2008
2009
2010
2011
2012
2013
2014
2015
2016
2017
2018
2019
2020

Description
Selective laser sintering (SLS) process was commercialized by DTM
Corporation
MIT invented and patented the DSPC process
KIRA Corporation commercialized machine called Solid Center
Fraunhofer Society developed selective laser melting (SLM) process
STRATASYS and IBM Watson developed Genisys Machine
AEROMET developed laser additive manufacturing process
OPTOMEC commercialized laser engineered net shaping (LENS) process
EXTRUDEHONE introduced metal binder jetting AM process
Precision Optical Manufacturing (POM) developed directed metal deposition
(DMD) process
RSP tooling and INEEL developed a steel spray technique
SOLIDSCAPE introduced T66 product- Drop on Demand inkjet technique
TRUMPH developed powder bed fusion (PBF) technique and entered the market
Z-Crop launches Spectrum Z510, the first high definition colour 3D printer
EOS launched the EOSINT M20 systems
ARCAM developed and introduced A2 EBM machine
At TCT 2008 event, MTT released next generation SLM 250-300 machine
ASTM International commercialized ASTM F42 AM technology
REINSHAW PLC opened a dental manufacturing facility based on cobaltchromium DMLS
Reinshaw PLC bought MTT technologies Limited
EOS and COOKSON precious Metals develop precious metal alloys for
fabricating jewellery in EOS M series machines
ARCAM developed Arcam Q10 machine for medical implants
Trumph returned to PBF market
Benjamin Cook and Manos Tentzeris demonstrated VIPRE machine for
manufacturing of electronic components operating upto 40 GHz
Hewlett Packard entered the AM market
DMG bought 50% of Realizer corporation
Fraunhofer optimized metal binder jetting technology
GE-Aviation realized the hidden potential of PBF-EB process
TU GRAZ developed LED based MAM process

So far, the AM processes have been extensively used to fabricate component parts belonging
to all classes of materials [138], such as ceramics [139], polymers [140], metals [141, 142],
intermetallics [143] and high-entropy alloys [144]. The AM technologies can be classified in
several ways which are largely dependent on the physical state of feeding materials (powder or
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wire) and the type of energy sources used (laser, electron and arc). In terms of commercial
availability of AM devices, these broad classification can be categorized in three ways: powder
bed systems, powder feed systems and wire feed systems. A list of AM system manufacturers
and their specifications is provided in Table 2.8. In powder bed systems, the deposited powder
metal is spread evenly to form a bed on the build platform (substrate) using a roller or rake and
selectively melted or sintered using a laser or electron heat source to deposit a layer. This entire
process is repeated until the metal part is built with the required shape. In case of powder feed
AM processes, a focused heat source (laser or electron) is applied to melt an area on the
substrate and the metal powders are fed directly into the molten pool to build a near-net shaped
component part in a layer-by-layer manner. The concept of wire feed methods is similar to
powder feed AM processes to build metal parts, however the supplied metal into the molten
pool is in the form of wire rather than powder and energy sources can be either laser or electron
or plasma arc. The schematic illustrations of each type of process are shown in Figure 2.22.
Table 2.8. A list of AM equipment companies and their specifications [135, 145, 146].
Nomenclature
Powder bed systems
ARCAM (A2)a
EOS (M280)b
Concept laser cusing
(M3)b
MTT (SLM 250)b
Phenix system group
(PXL)c
Renishaw (AM 250)d
Realizer (SLM 250)b
Matsuura (Lumex
Advanced 25)e
Powder feed systems
Optomec (LENS 850R)f

AM system

Equipment size (mm)

Energy source

EBM
DMLS

200 x 200 x 350
250 x 250 x 325
300 x 350 x 300

7 kW electron beam
200-400 W Yb-fiber laser
200 W fiber laser

250 x 250 x 300
250 x 250 x 300

100-400 W Yb-fiber laser
500 W fiber laser

245 x 245 x 360
250 x 250 x 220
250 x 250 diameter

200 or 400 W laser
100, 200, or 400 W laser
400 W Yb fiber laser;
hybrid additive/
subtractive system

900 x 1500 x 900

1 or 2 kW IPG fiber laser

SLM

LENS
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POM DMD (66R)f

DMD

Accufusion laser
consolidationg
Irepa laser (LF 6000)c
Trumpfb
Huffman (HC-205)f
Wire-feed systems
Sciaky (NG1) EBFFFf
MER plasma
transferred arc
selected FFFf
Honeywell ion fusion
formationf
RoboWAAM turnkeyd

LC

3200° x 3°, 670° x
360°
1000 x 1000 x 1000

1-5 kW fiber diode or disk
laser
Nd:YAG laser
Laser cladding

LD

600 x 1000 long
CO2 laser clading

EBDM
PTAS FFF

IFF

762 x 483 x 508
610 x 610 x 5182

>40 kW @ 60 kV welder
Plasma transferred arc
using two 350A DC
power supplies
Plasma arc-based welding

Plasma or cold metal
transfer (CMT) welding
h
AML3D’s ARCEMY DMD
CMT-based arc welding
a
b
c
d
e
f
Sweden, Germany, France, United Kingdom, Japan, United States, hCanada, and
i

DMD

Australia.

Figure 2.22. The schematic illustration of (a) Powder bed system, (b) Powder feed system, and
(c) Wire feed system [135].
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2.4.1. Wire arc additive manufacturing (WAAM) of IN718 superalloy
In comparison to the powder-based AM processes, the wire-based AM methods are
intrinsically cheaper due to the high production cost related to the fabrication of feed materials
in the form of powders than that of wires [12, 147]. All the commercially available powderbased AM setups require to use either laser or electron heat source in a confined environment
which needs to be either inert or vacuum atmosphere. As a result, the total expenses of the
production process increase radically due to the high instalment cost to build laser or electron
hardware [148] yielding low-to-medium size products of intricate geometries [10, 149]. On the
other hand, almost all of wire-based AM systems implement the traditional arc or plasma heat
sources which are inexpensive in nature and have the ability to fabricate medium to large near
net shaped products with low-to-medium level complexities [12, 148, 150]. The term WAAM
was first coined by the researchers in Cranfield University when the deposition of materials
was performed in a layer by layer manner by melting the wire material using an arc (plasma)
heating source [12]. Comparing with powder-based processes, the WAAM processes were
found to be cheap and affordable due to the low material and instruments costs [10, 12, 147],
environmentally friendly [12, 151], energy efficient [11], high in depositing [10] and utilizing
material [10, 12, 32, 152]. Due to the aforementioned advantages of WAAM processes over
powder-based AM methods, the fabrication of Ni-based IN718 superalloy parts using WAAM
methods has already become a major research topic of current interest from the industrial
parties [145, 146] and, mostly from academic level [13-34, 153-156]. IN718 superalloy parts
were fabricated using the concept of WAAM processes having different type of heat sources,
such as gas metal arc welding or metal inert gas (GMAW or MIG) [13, 16], cold metal transfer
(CMT) [18, 21, 30, 33, 154], gas tungsten arc welding or tungsten inert gas (GTAW or TIG)
[14, 15, 20, 29] and plasma arc welding (PAW) [17, 19, 23-25]. GMAW or MIG setup uses a
consumable wire metal electrode to establish the electric arc with the metal work piece [157].
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CMT setup is a modified version of GMAW based on short-circuiting transfer process to yield
weldments of high quality and low heat input [158]. In comparison with MIG or CMT process,
both TIG and PAW setups use a non-consumable tungsten electrode to produce the electric arc
with the work piece and the filler metal wire is added from the side into the molten pool. These
processes are often called autogenous welding as joining of metal parts can also be obtained
without providing filler metal. The arc produced from PAW process is much more parallel or
columnar shaped and higher in energy density than that of TIG arc due to the incorporation of
a constricting nozzle which results in high depth of penetration and fast welding speed [157].
In the sub-sequent sections, the understanding of the fabrication of IN718 alloys using WAAMbased processes will be discussed in terms of built-wall geometry, microstructure, mechanical
strength, oxidation properties and hot-deformation characteristics.
2.4.1.1. Effects of process parameters on sample geometry
Kindermann et al. [21] studied the influence of welding processing parameters on the heat input
and the sample geometry of WAAM-built IN718 walls fabricated by CMT process as shown in
Figure 2.23. The wire feed speed was observed to increase the heat input, while increasing the
travel speed decreased the heat input (Figure 2.23a). On the contrary, the influence of cold wire
feed rate and travel speed on the arc stability index (S %) was found to be completely opposite
than that of heat input as shown in Figure 2.23b. The integrity of the built wall was largely
dependent on the welding travel speed as the humping defect was found to observe above a
critical value of welding travel speed. In order to avoid weld humping phenomenon and produce
the most stable bead-on-plate depositions, the processing parameters should be selected in such
a manner which would yield heat inputs between 348 and 700 J/mm with an arc stability index
above 85%. The arc stability index was estimated with respect to the inverse of standard
deviation of the short circuit period of each metal transfer event (ST) according to formula, 𝑆 =
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𝑇̅

100. (1 − 𝑆 ), where 𝑇̅ is the mean of the short circuit period. Thus, a high value of S% signifies
𝑇

a stable arc process if the metal transfer process produces low value of S T. Thus, the
simultaneous increase in travel speed and wire feeding speed was necessary to obtain suitable
welding conditions so that a high arc stability index was achieved without delivering excessive
heat-input during deposition. From Figures 2.23c-f, it is clear that travel speed was the most
influential welding parameter. The width, area and height of the deposited samples were
negatively affected by increasing the welding travel speed as the volume of material deposition
per unit length of substrate was decreased. The cold wire feeding rate was primarily found to
affect the width of the deposited samples as a result of increasing surface tension and arc
pressure acted upon the molten liquid due to the higher arc power.
Lu et al. [32] have recently reported that the formation of the WAAM-fabricated IN718 parts
without internal and external defects is not only dependent on the processing parameters of
welding speed and wire feed speed, but also on the values of the effective volumetric energy
density (Qe) generated for the process parameters during deposition. The internal defects are
represented by the solidification cracking, incomplete penetration, liquation cracking (carbide),
centreline grain boundary and porosity formation as shown in Figure 2.24a. On the other hand,
the external defects are considered to be collapsing type under high-energy input and balling
type under low-energy input as shown in Figure 2.24b. Considering the travel speed range of
1-4 mm/s in Figure 2.24a, the weldable zone was obtained when the Qe values were found in
the range of 14-47 J/mm3 and the weldment integrity in the avoidance of defect formation was
largely affected by the welding speed rather the values of Qe. However, the value of Qe during
WAAM process was affected not only by welding speed and effective power, but also by the
wire feeding speed. As a result, the weldable zone during WAAM process was found to get
narrower when considering both the internal and external defect factors and this would provide
a range of Qe values of 14-27 J/mm3 as shown in Figure 2.24b.
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Figure 2.23. The influence of processing parameters on (a) heat input, (b) arc stability index,
(c) width, (d) cross-sectional area and (e) height. (f) The schematic illustration of wall width
and height with varying travel speed and wire feed speed [21].
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Figure 2.24. (a) The relationship between effective power (heat input), welding speed and Qe
in the formation of internal defects without considering the wire feed speed, and (b) the
relationship between effective power, wire feeding speed and Qe in the formation of external
defects at a constant travel speed of 3 mm/s [32].
Although the weldability of IN718 superalloy is found to be excellent, the proper selection of
processing parameters is of paramount importance in the fabrication of IN718 parts during
WAAM process in order to avoid crack-like defects with planar morphology. These processinduced defects showed hot-cracking characteristics and were located in the melt bead centre
and along high-angle grain boundaries. The apparent fracture toughness of WAAM-built IN718
parts was found to be anisotropic and showed directional dependency which was attributed to
the orientation of notched crack with the crack-like defects. If the direction of notched crack
was perpendicular to pre-existing defects, the fracture toughness of WAAM-built IN718 parts
could be compared with the wrought IN718 parts, however if the notch crack path was in
parallel with the direction of defects, the fracture toughness of WAAM IN718 alloys
deteriorated to the half of wrought counterparts. Thus, the assessment of WAAM-fabricated
IN718 parts in the service conditions should also be characterized on the basis of the careful
investigation of pre-existing defect orientation and their influences on mechanical properties
[24].
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2.4.1.2. Microstructural evolution
The WAAM processes have been categorized as slow-cooling rate processes due to the supply
of high heat input into the weld pool generated from different electric arc or plasma sources
[25, 63]. As a result, the microstructure of as-fabricated (AF) IN718 alloy parts during WAAM
process was identical to as-cast or welded wrought IN718 parts as described in section 2.1.3.
A highly textured (cube) γ-matrix was formed epitaxially along the build-up direction with
columnar-dendritic morphology which was the highest heat dissipation direction during
solidification of molten liquid. Due to the severe micro-segregation of Nb, the inter-dendritic
region (IDR) was found to contain higher amount of Nb% than that of dendritic core region
(DCR) which was instrumental to provide the two invariant γ/NbC and γ/laves eutectic
reactions in IDR. Small amount of Ti(Nb)N particles was also observed to form non-uniformly
in DCR [19, 21]. A typical microstructure of AF walls of IN718 alloys using WAAM process
is shown in Figure 2.25a. In order to eradicate the compositional heterogeneity as well as to
dissolve the unwanted laves precipitates, the AF samples were undergone high-temperature
solution-treatment processes to promote solid-state diffusion via atomic migration which was
followed by a two-step aging cycle to promote the precipitation of beneficial and hardening
nanoparticles of γʺ and γʹ uniformly in the γ-matrix.
Several studies performed the optimal standard SA treatments (Table 2.5) on WAAM
fabricated IN718 superalloy parts [17, 18, 21, 25, 29]. It was found that the microstructure of
the post-SA treated samples was continued to be highly-textured γ grains with columnardendritic morphology having preferential cube orientation {100}〈001〉 [18, 29]. The
intragranular formation of acicular δ-phase was seen to completely occupy the IDR with
retained laves phases. It is to be mentioned that the formation of acicular δ particles was only
confined within the IDR as a result of satisfying the high Nb concentration [98] as shown in
Table 2.4. However, the use of δ sub-solvus temperature of 871.1 – 1010°C was not high
59

enough to completely dissolve laves particles which would provide retained laves particles and
compositional heterogeneity in the microstructure. Wang et al. [25] have shown that the
hardening precipitates of SA-treated WAAM IN718 parts were slightly finer than that of
selective laser melting (SLM) IN718 parts. The γʺ precipitates were in disc-shaped form with
average size of 56 nm diameter and 12 nm in thickness, and the spherical γʹ particles of 445
nm were found in IDR and DCR, respectively. A typical SEM image of SA-treated
microstructure of IN718 superalloy fabricated by WAAM process is shown in Figure 2.25b,
except the hardening nanoparticles which can be found in the ref. [25].
Since the standard SA-treatment was incompletely dissolved laves phase, unable to
homogenize the composition, and excessively formed the non-hardening δ particles, it was
necessary to optimize the heat-treatment conditions for WAAM-fabricated IN718 alloy parts.
Seow et al. [19] conducted a comparative study on the effects of different homogenization
conditions on WAAM-fabricated IN718 alloys extensively. Applying the standard
homogenization-solution-annealed (HSA) condition for as-cast IN718 alloys as mentioned in
Table 2.5, the complete dissolution of laves phases and compositional homogenization can be
obtained, however non-hardening δ phase precipitation with needle-shape morphology was
also occurred due to the solution treatment in the δ sub-solvus temperature range. A similar
microstructure can also be obtained for WAAM IN718 parts by applying the oil and gas
standard API heat treatment [21] as shown in Figure 2.25c. Thus, a modified heat-treatment
was developed for WAAM-fabricated IN718 alloy parts which completely dissolved laves
phases and equilibrated highly-textured γ-matrix composition without precipitating the δ phase
[19].
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Figure 2.25. The evolution of matrix microstructure and phases in WAAM-fabricated IN718
superalloy parts: (a) as-fabricated (AF), (b) solution-annealed (SA) and (c) homogenizationannealed (HA) [21].
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2.4.1.3. Mechanical properties
The mechanical properties of WAAM-fabricated IN718 superalloy parts are inherently related
to its initial as-fabricated (AF) microstructural conditions. Table 2.9 provides the summary of
tensile test results of AF and post-heat treated (HT) IN718 alloys fabricated by WAAM
processes and compare the results with commercial wrought and cast IN718 products. It is
obvious that the mechanical properties of HT samples were enhanced significantly due to the
precipitation of hardening nanoparticles of γʺ and γʹ than that of AF conditions. The coherency
strengthening of γʺ particles in IN718 alloy was the primary contributor to the increment of
strength due to its high volume fraction (10-20%) [62, 76, 159] and greater lattice mismatch
Table 2.9. The tensile test results of WAAM-built IN718 alloys.
Samples

Heat
source

Room-temperature
AF
Plasma
arc
CMT
PPAAM
Plasma
arc
Plasma
arc
CMT
SA

Plasma
arc
CMT
CPGTAW
UHFPGTAW

0.2%
YS
(MPa)
H
525 ± 7
514 ±
17
563 ±
14
421
622 ±
90
472.5 ±
9.5
790 ± 9
807 ± 1
-

UTS
(MPa)

Elongation
(%)

Refs.

V

H

V

H

V

506 ±
2
406

818 ±
13
824 ±
15
872 ±
31
646

756 ±
7
832

33.3 ± 2.5

27.9 ± 1.3

[17]

34.0

30.9

[18]

-

34 ± 3

-

[25]

756 ±
47
680 ±
90
-

17.7

21.3 ± 7

[19]

8±6

5±3

[23]

26.3 ± 1.1

-

[33]

988 ±
6
1233 ±
16
1180.1
± 55.7
1117.3
± 15.2

14.7 ± 1.3

12.8 ± 1.2

[17]

15.5 ± 0.3

19.4 ± 2.8

[18]

-

9.27 ± 2.8

[20]

-

19.6 ± 1.4

[20]

431 ±
39
620 ±
20
791 ±
14
889 ±
5
915.2
± 10.8
894.1
± 4.8

684 ±
40
840.7 ±
13.3
1102 ±
78
1110 ±
3
-
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Samples

Heat
source

PPAAM
CMT
HSA
MHA

Plasma
arc

0.2%
YS
(MPa)
H
864 ± 2
836.3 ±
18.8
-

UTS
(MPa)
V
1065

932 ± 2

856 ±
6
951
1034.2

DA
Wrought
AMS5663
Wrought
1034.2
AMS5597
Cast
734
AMS5383
High-temperature (650°C)
AF
Plasma
338
395 ±
arc
38
Plasma
552 ±
550 ±
arc
45
35
CMT
489.4 ± 51.9
SA
CMT
865.7 ± 32
MHA
Plasma
720 ±
734 ±
arc
21
18
Wrought
861.8
AMS5663
Cast
517
AMS5383

Elongation
(%)

H
1152 ±
28
1158 ±
18.2
-

Refs.

V
-

H
23 ± 2

V
-

[25]

-

16.4 ± 1.2

-

[33]

1116

-

0.9

[19]

21.1 ± 8

19.9 ± 1

[19]

1073 ±
1044 ±
36
14
1072
1275.5

2.0
12

[19]
[100]

1241.1

15

[100]

827

3

[67]

621

628 ±
39
750 ±
801
-

755 ±
60
703.3 ±
4.5
946.6 ± 43.2
800 ±
821 ±
51
2
999.7
576

-

13.9

9.0 ± 3

[19]

18 ± 10

15 ± 10

[23]

34.8 ± 0.1

-

[33]

7.2 ± 0.1

-

[33]

5.9 ± 3

6.7 ± 3

[19]

12

[100]

13.7

[67]

YS: yield strength; UTS: ultimate tensile strength; H: horizontal; V: vertical; AF: as-fabricated;
CMT: cold metal transfer; PPAAM: pulsed plasma arc additive manufacturing; SA: solutionannealed; CP-GTAW: conventional pulsed gas tungsten arc welding; UHFP-GTAW: ultrahigh frequency pulsed gas tungsten arc welding; HSA: homogenization-solution-annealed;
MHA: modified homogenization annealed; DA: direct-aging.
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with γ-matrix as a result of inducing tetragonal distortion [76, 159]. A minor contribution to
the strengthening of IN718 alloys by γʹ precipitates was also observed via chemical or order
strengthening mechanism due to its low volume fraction (3-5%) [75, 76, 160, 161]. Although
the HT-samples of WAAM-fabricated IN718 parts showed superior mechanical strength to the
cast IN718 alloy, it did not satisfy the minimum requirements for wrought alloys according to
the standard AMS 5663. The formation of δ phase and the retention of laves particles in excess
amount consumed the beneficial Nb elements from γ-matrix and reduced the amount of γʺ and
γʹ in the γ-solid solution which would yield low stress value. Also, the ineffective grain size
hardening was another reason for inferior strength in WAAM-fabricated IN718 alloys due to
the evolution of large and elongated columnar grains with dendritic morphology [17, 18]. In
fact, the grain coarsening effect was so influential during HSA or MHA condition that it was
the only reason to cause the deterioration of mechanical strength and outweighed the hardening
aspects of γʺ and γʹ [19]. As a result, in recent times, the use of hybrid AM processes has been
utilized in the grain refinement of large columnar grains and the improvement of mechanical
strength of WAAM-built IN718 superalloy parts.
The hybrid AM process is an integrated system where a product is built by an AM system (such
as WAAM) which is subsequently passed through in a conventional deformation process (such
as rolling, forging) [17, 30, 33]. Xu et al. [17] and Zhang et al. [33] conducted thermomechanical processing of WAAM-fabricated IN718 alloy parts using a hybrid system of
integrating WAAM deposition system with cold rolling system. It was observed that the coldrolled WAAM-built IN718 parts after SA treatment well-surpassed the minimum strength
requirement to its wrought counterparts as given in Table 2.10. During inter-layer cold rolling
process, the large columnar grains were transformed into uniformly distributed equiaxed grains
providing grain boundary strengthening. At the same time, the formation of acicular δ
precipitates was reduced and transformed into short-rod like particles which would increase
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the fraction of strengthening precipitates, thus improving both the strength and ductility of the
materials [33].
Table 2.10. Improvement in tensile strength of WAAM-fabricated IN718 parts using hybrid
AM processes.
Samples

Heat
source

Room-temperature
SA
Plasma
arc
SA-75 kN
SA
SA-50 kN
SA- 75kN

CMT

0.2%
YS
(MPa)
H
790 ± 9

UTS
(MPa)
V

H

791 ±
14
1035 ±
20
-

1057 ±
19
865.7 ±
32
1035 ±
9.9
1067.4
± 12.4
1034.2

Wrought
AMS5663
High-temperature (650°C)
SA
CMT
865.7 ± 32
SA-50 kN
923.1 ± 20
SA- 75kN
1009.1
± 3.2
Wrought
861.8
AMS5663

Elongation
(%)
V

Refs.

H

V

1102 ±
988 ±
78
6
1348 ±
1356 ±
10
10
946.6 ± 43.2
1330.4
± 4.3
1357.3
± 12.1
1275.5

14.7 ± 1.3

12.8 ± 1.2

15.1 ± 3.3

17.4 ± 1.1

7.2 ± 0.1

-

13.8 ± 1.5

-

15.8 ± 1.7

-

946.6 ± 43.2
1050.3
± 25.9
1137 ±
18.2
999.7

7.2 ± 0.1

-

10.3 ± 0.2

-

11.5 ± 1.2

-

12

12

[17]

[33]

[100]

[33]

[100]

Lan et al. [30] have recently demonstrated the importance of loading directions in the evolution
of uniformly distributed equiaxed grains during hot-deformation of WAAM-built IN718
samples. The more uniform refined grain structure was observed when the direction of loading
was perpendicular to the long axis of the columnar grains of γ-matrix due to the result of higher
aspect ratio, W/L (ratio of the shortest (W) to longest (L) dimension of the grain) as
schematically represented in Figure 2.26. As seen from Figure 2.26, under the same loading
condition, the distance (WʹRX) required to complete the recrystallization process in the
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columnar grains orientated perpendicularly with respect to loading direction is shorter than that
of the path (LʹRX) for the columnar grains orientated horizontally with respect to loading
direction. Thus, the grain orientation of WAAM-fabricated IN718 parts during the deformation
process should also be considered in order to form recrystallized grain structure and improve
the mechanical strength which can be comparable to its wrought counterparts.

Figure 2.26. The schematic illustration showing the dependence of grain orientations with the
loading direction in the evolution of refined grain structure [30].
2.4.1.4. Chemical properties
Similar to mechanical properties, the chemical characteristics of WAAM-fabricated IN718
superalloy part are influenced by its unique microstructural features. There has been couple of
studies conducted on the effects of chemical behaviour of WAAM IN718 parts in comparison
with its wrought counterparts under both wet [29] and dry [22] oxidizing environments. In both
cases, the WAAM IN718 parts displayed weaker resistance towards surface degradation
(chemical attack) than that of wrought IN718 parts. Zhang and Ojo [29] investigated the
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corrosion resistance of WAAM-fabricated IN718 alloy parts using TIG heat source in an
aggressive corrosive environment of 1M nitric acid (1 M HNO3), and 1M sulphuric acid (1 M
H2SO4) at room temperature. In both cases, the corrosion resistance of WAAM specimen was
found to be inferior to wrought IN718 samples due to the formation of a less-protective surface
film containing more porous NiO phase and less Cr2O3 phase. The occurrence of less-protective
oxide film in the case of WAAM IN718 parts was the result of highly cube textured and heavily
segregated γ-matrix. It was reported that the preferential cube orientation {100}〈001〉 increased
the rate of oxidation of Ni and decreased the oxidation rate of Cr in the following order: (001)
> (011) > (111) [162] which might have increased the formation of a less-protective oxide film
having higher concentration of porous NiO phase. Secondly, the depleted Nb region of γ-matrix
was found to increase the affinity of Ni towards oxygen to form oxide phase rather than that of
Cr which would facilitate the formation of more porous NiO oxide and less protective Cr2O3
phase.
The effects of high-oxidation temperature resistance of as-fabricated WAAM-built IN718
samples were studied at 800-900°C in dry air and the results were compared with the wrought
IN718 specimen [22]. It was observed that both WAAM and wrought samples showed good
oxidation resistance at 800°C due to forming thin protective layer of Cr2O3 externally and a
subscale of Nb-rich layer underneath the external Cr2O3 scale. The evolution of Nb-rich inner
layer was believed to maintain the integrity of the Cr2O3 layer. At 900°C, the oxidation
resistance of WAAM samples was inferior to wrought parts as a result of forming thicker oxide
layer [22] which could be attributed to the preferential oxidation of highly-segregated
interdendritic regions [163].
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Chapter 3: Experimental equipment and methodology
In this chapter, a brief description of the type of equipment and methodology used to undertake
in the fabrication and characterization of IN718 superalloy walls using wire-arc additive
manufacturing (WAAM) process has been provided. It is to be understood that this chapter
offers a generalization of the instruments and methodology used in this work and more specific
understanding of the processes can be found in the subsequent experimental chapters.
3.1. Raw materials
A commercial Inconel 718 (IN718) wire of diameter 1.2 mm satisfying the Aerospace Material
Specification (AMS) 5832 [164] was used to build the additively manufactured (AM) IN718
walls in the current study which was referred to as the as-built (AB) IN718 walls in this work.
The wire was supplied in hydrogen annealed condition aiming to reduce the oxide products on
wire surface which would promote surface cleaning. The deposition of IN718 wire was
performed onto a commercially available IN718 substrate of physical dimensions of 200 x 50
x 6 mm3 which was referred to as the as-received IN718 plate (ARP) in this work. It is to be
mentioned that the ARP samples were supplied in cold-rolled condition. The microstructural
characterizations and the chemical compositions of both IN718 wire and substrate were
extensively studied in this work which are presented in-detail in the subsequent experimental
chapters.
3.2. Introduction to WAAM setup
The configuration of WAAM setup used in the present study is shown in Figure 3.1. The major
parts of this WAAM system were considered to be a depositing platform of a retired lathe
machine, a Tungsten inert gas (TIG) torch as the heating source, a constant-current (200 A)
welding power source, a water-based cooling unit, a wire-feeding unit and an argon (Ar)-gas
shielding system. The Ar-gas shielding system was installed to provide sufficient protection of
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the molten pool in conjunction with torch or build-up wall from air contamination during and
after the deposition. The Ar flow rates in the front and rear of the shielding device were selected
to be 10 L/min and 8 L/min, respectively. The industrial grade (BOC, gas code 061, purity >
99.995%) Ar gas was used in this study with gas mixture impurities of oxygen (10 ppm),
nitrogen (25 ppm) and moisture (15 ppm). The general deposition conditions and processing
parameters used to build the IN718 walls are presented and explained in the subsequent
experimental chapters. An infrared camera (Optrix PI) equipped with a real-time temperature
measurement software (Optrix PIX connect) facility was used to monitor the temperature-time
profile (thermal history) of the entire deposition process of AB samples. It is to be mentioned
that TIG-based welding process has several advantages over other welding processes,
especially MIG/MAG-based welding processes. It uses a non-consumable tungsten electrode
to establish electric arc or plasma which offers more precise control of heat transfer and weld
pool. Since it is independent from the supply of filler wire, it does not produce any spatter. As
a result, TIG-process provides the highest quality welds which is the reason gas turbine engine
industry exclusively uses TIG process to repair turbine blade tips or small cracks or defects
made from stainless steels, Ti and Ni-based alloys [157]. As TIG-based welding offers better
heat control and welding joints, it is necessary to make an attempt to investigate the processingmicrostructure-property relationship for the fabrication of wire-arc additively manufactured
Inconel 718 superalloy parts.
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Figure 3.1. The instrumental setup of WAAM process: (a) schematic diagram, and (b) physical
photo.
3.3. Heat-treatment cycles
Two types of heat-treatment cycles were used in the present study to understand the effects on
microstructural evolution, mechanical and chemical properties of AB samples fabricated using
WAAM process and the results were compared with commercial wrought ARP samples. Both
AB and ARP samples were heat-treated and precipitation-hardened in a muffle furnace in dryair condition under atmospheric pressure as shown in Figure 3.2. The heat-treatment cycles are
given as follows:
(1)

The standard solution-annealed condition in accordance to AMS5662 [165] or AMS5663
[166]: solution treatment (980°C for 1hr/air cooling) + continuous double annealing
treatment (720°C for 8 h/furnace cooling at 71.2°C/h to 620°C for 8 h/air cooling). Both
AB and ARP samples were denoted as SA and SAP samples after the treatment in the
present work.

(2)

The modified homogenization-annealed condition: homogenization treatment (1100°C for
1 h/air cooling) + continuous double aging process (720°C for 8 h/furnace cooling at
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71.2°C/h to 620°C for 8 h/air cooling). After the treatment, AB and ARP samples were
denoted as HA and HAP samples.

Figure 3.2. A 1200°C muffle furnace
3.4. Metallographic characterization
The samples of different sizes and shapes were extracted from the desired locations of WAAMfabricated IN718 superalloy walls using a computer-controlled wire-cut electrical discharge
machining (EDM) process. Then, the extracted samples were put into a hot mounting press
(Figure 3.3) with a thermosetting polymer-based resin of black Bakelite containing carbon filler
that serves as excellent electrical conductor for scanning electron microscopy (SEM). After
that, the mounted sample surfaces were grinded and polished using an automatic setup (Figure
3.4) according to the ASTM standards [167] as shown in Table 3.1. Except for Electron
backscatter diffraction (EBSD) samples, all the samples were electrolytically etched using a
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10wt.% oxalic acid solution at 6V for 10s. Finally, the samples were rinsed in tap water, cleaned
with ethanol solution and dried in air blower before the microscopic characterization.

Figure 3.3. Struers® CitoPress-20 hot mounting press.

Figure 3.4. Struers® TegraPol-21 Grinder Polisher.
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Table 3.1. The step-by-step procedures for metallographic sample preparation.
Process

Surface
(Disk/cloth)

Rotation (rpm)
(Disk/Holder)

Force per Time Suspension
sample
(mins)
(N)

For Ni-based superalloys
Grinding 220 grit
Diamond disk
Polishing MD Largo disk

300/150, comp

30

2-5

Water

150/150, comp

30

4-6

MD DAC cloth

150/150, comp

30

4-5

Water-based 9 µm
Diamond
Water-based 3 µm
Diamond
0.05 µm colloidal
silica (50% OP-S)

MD Chem cloth

150/150,
15
contra
For oxidized samples (chromium oxide, Cr2O3 layer)
Grinding 220 grit
150/150, comp 35
Diamond disk
1200 grit
300/150, comp 35
Diamond disk
Polishing MD Largo disk
150/150, comp 35

2

2-5

Water

1

Water

9-10

Water-based 9 µm
Diamond
Water-based 6 µm
Diamond
Water-based 1 µm
Diamond
0.05 µm colloidal
silica (50% OP-S)

MD Largo disk

150/150, comp

30

8

MD Plus cloth

150/150, comp

25

2-3

MD Chem cloth

150/150,
contra

25

2

For EBSD samples
Grinding 220 grit
Diamond disk
Polishing MD Largo disk

150/150, comp

10

2-5

Water

150/150, comp

10

5

MD DAC disk

150/150, comp

10

5

MD DAC cloth

150/150, comp

10

10-15

MD NAP cloth

150/150, comp

10

5

MD Chem cloth

150/150,
contra

15

10

Water-based 9 µm
Diamond
Water-based 3 µm
Diamond
Water-based 1 µm
Diamond, blue
lubricant
Water-based 0.25
µm Diamond, blue
lubricant
0.05 µm colloidal
silica (5% OP-S)
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3.5. Microscopic characterization
The freshly polished sample surfaces were thoroughly inspected for metallographic defects and
the microstructural images were captured by using the Nikon Eclipse LV100NDA optical
microscope (OM) and the low-resolution JEOL JCM-6000 SEM facility as shown in Figure
3.5. The apparent grain size measurement was done by using the concept of mean linear
intercept process in ImageJ software according to the standard of ISO 643:2012 [168].

Figure 3.5. (a) Nikon Eclipse LV100NDA optical microscope and (b) JEOL JCM-6000 SEM
system.
The key micrographic imaging of different phases and fractographic analyses were performed
using the high-resolution JEOL JSM-6490LA (Figure 3.6) SEM facility under secondary
electron (SE) mode at 15kV. The high-resolution 6490LA SEM system was equipped with an
energy dispersive X-ray spectroscopy (EDS) facility which was extensively used to determine
the chemical composition of matrix alloy and various phases present in the structure.
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Figure 3.6. The high-resolution JEOL JSM-6490LA SEM system.
In case of EBSD sample preparation, the sample surface should not be etched to produce
topographic contrast along the grain boundaries as it affects the pattern quality introducing
intensity gradients [169]. But, the preferential attack of grain boundaries was observed using
an active oxide polishing suspension (OP-S) of 50% colloidal silica. As a result, a diluted
suspension of 5% OP-S (Table 3.1) was used to minimize these residual surface discontinuities
in order to maximize the diffraction pattern quality in this study. It is also to be mentioned that
the polishing dynamics for the EBSD samples were modified through trial and error processes
(Table 3.1) aiming to eradicate the comet tail features adjacent to carbide inclusions [170]. A
field emission electron gun type SEM setup (JEOL JSM-7001F as shown in Figure 3.7) was
used to conduct EBSD tests with spatial resolution of 3 nm. The 7001F SEM setup was
comprised of a high-resolution Nordlys II(S) EBSD detector and a large area (80 mm2) silicon
drift detector (SDD) of 123 eV resolution for EDS micro-analysis. These hardware parts were
integrated with AZtecSynergy software suite for simultaneous acquisition of high quality
EBSD and EDS maps. During EBSD acquisition process, the sample coordinate system (CS0)
for WAAM-fabricated IN718 alloys was defined as follows: surface plane horizontal (X0 as
rolling direction, RD) was parallel to TD, surface plane vertical (Y0 as transform direction,
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TD) was parallel to WD, and surface plane normal (Z0 as normal direction, ND) was parallel
to BD as shown in Figure 3.1 according to the standard ISO/ASTM 52900-15 [133] for additive
manufacturing (AM) technology. The acquisition parameters were selected to be 15kV, 5 nA,
15 mm working distance and 2 or 1 µm step size. The acquired EBSD maps were postprocessed by the HKL-Channel 5 software suite via noise reduction process to remove wild
spikes in orientation and extrapolating zero solution up to 4 neighbours. The detection of grains
was performed using a minimum area of 3 pixels and a critical misorientation angle of 2°,
followed by repeating the noise reduction process. The sub-grain structures were defined as
low-angle grain boundaries for grains misorientation between 2° - 15°, and high-angle grain
boundaries for grains misorientation greater than 15°. After the post-processing steps, the
clean-up EBSD maps were studied to obtain grain size distribution, misorientation angle
distribution, pole figures and inverse pole figures. For better understanding of micro-texture
components, the orientation distribution function (ODF) method was used to construct the
density of texture components in 3D Euler space at ϕ2 = 0°, ϕ2 = 45° and ϕ2 = 65°.
The X-ray diffraction (XRD) technique was used to identify the phases present in the
microstructure using a monochromatic radiation of CuKα with a wavelength of 1.5418 Å as
shown in Figure 3.8. All diffracted patterns were collected under a continuous-scan mode with
0.02° step size, 36 kV X-ray (Cu anode) tube voltage, 28.4 mA Cu tube current and 1000 W
power supply. The scanning range was varied from 20° to 100° (2θ) depending on the type of
phases under consideration as mentioned in the specific chapters.
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Figure 3.7. The field emission gun JEOL JSM-7001F SEM system for EBSD mapping.

Figure 3.8. The X-ray diffractometer (MMA GBC).
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3.6. Mechanical property experiments
The Vickers (HV) and Rockwell C scale (HRC) hardness values were simultaneously obtained
using an automatic microhardness tester as shown in Figure 3.9. The tests were performed on
cross-sections of AB and its heat-treated (HT) IN718 walls along BD direction (z-axis) in TDBD (y-z plane) as well as on cross-sectioned ARP and its HT counterparts in TD-RD planes.
Under all testing conditions, a 1kg indentation load was applied for 10s on the mirror-polished
surface.

Figure 3.9. The Matsuzawa Via-F automatic hardness setup.
An Instron 3367 tensile test machine of maximum load capacity of 30kN (Figure 3.10) was
used to perform all the room-temperature tensile tests for IN718 superalloy parts fabricated
using WAAM process and the results were compared with the wrought IN718 alloys. The
machine cross-head speed was set to be 1 mm/min and the stress data (load, kN) was collected.
In order to collect the true strain data (actual extension, mm), a contactless optical measurement
device (Mercury®RT) equipped with a high-speed camera and real-time image processing
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software was attached with the machine. The location and dimension of tensile specimens used
in this study have been explained in the following chapters.

Figure 3.10. The Instron® 3367 tensile machine.
A Gleeble® 3500-GTC thermo-mechanical setup (Figure 3.11) was used to simulate hightemperature compression tests in order to refine the large columnar grain morphology of
WAAM-fabricated IN718 superalloy parts. The entire hot-deformation process was computercontrolled to systematically perform the thermal and mechanical test variables. Prior to the
deformation tests, the cylindrical samples (12 mm in height and 8 mm in diameter) were preprocessed by polishing the surfaces to remove roughness and oxidation. The spot welding was
performed to attach a K-type thermocouple in the mid-point of long axis of cylindrical samples
for the in-situ measurement of the temperature. A thin layer of tantalum sheet was attached to
the circular ends of the samples, followed by gluing another layer of graphite layer. The
samples were resistively heated to the target deformation temperature at a pre-defined heating
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rate (2°C/s) with a holding period of 120s to equilibrate the temperature distribution uniformly
throughout the sample, followed by mechanical (compression) testing at pre-defined strain rate
and target temperature till 80% reduction in height and water quenching. The compression
cycle is presented schematically in Figure 3.12. After that, the compressed samples were cut
along TD-WD plane and polished accordingly. The microstructural characterization was
performed by OM and SEM facilities which has been discussed in chapter 7.

Figure 3.11. The Gleeble® 3500-GTC thermo-mechanical system.

Figure 3.12. The thermal cycle for hot-deformation procedure during Gleeble testing.
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3.7. Oxidation test
The high-temperature oxidation tests of WAAM-fabricated IN718 alloy parts were conducted
in a muffle furnace (Figure 3.2) at 800-1000°C temperatures up to 100 hr under dry air
environment. Prior to the oxidation tests, all six faces of the square samples of dimensions of
10 x 10 x 3 mm3 were manually grinded in water using 500 and 1200 abrasive SiC papers. The
samples were put inside an alumina crucible and the initial weight of the non-oxidized samples
were measured. After the oxidation tests, the oxidized samples were weighted again and the
difference in weight was considered to be the weight of the oxide scale. The characterization
of oxide phases, oxidation mechanisms and kinetics were extensively studied which have been
discussed in-details in chapter 5 and 6, respectively.
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Chapter 4: Influence of welding process parameters on heat input, bead
geometry, microstructural evolution and mechanical properties in Wire arc
additive manufactured Inconel 718 superalloy
4.1. Introduction
Superalloys are special class of complex solid-solution and precipitation strengthening
materials used in specialized applications due to the excellent ability to maintain structural
integrity and mechanical strength, and to resist surface degradation phenomena in high
temperature and corrosive environments [1]. Among the existing major categories of
superalloys, Ni-based superalloys are widely consumed in the hottest areas (combustor and
turbine sections) of a modern jet aircraft comprising an estimated 50% of the total engine
weight with Inconel 718 (IN718) constituting 70% of the total Ni-based superalloys [2, 99].
Besides its use in aerospace industry, IN718 has also been utilized in oil- and gas-field
applications, nuclear reactors, marine and superconducting magnet systems [49]. It has been
well recognized throughout the world as an industrially important alloy system due to the
exhibition of overall better physical and chemical properties in comparison with its
counterparts. It is regarded as a solution-annealed and precipitation-hardened Ni-based
superalloy with the reputation of retaining its mechanical properties (high tensile, creep-rupture
and fatigue strength) at cryogenic (-250°C) to high (700°) temperature service conditions [19,
100, 171-176]. These outstanding mechanical attributes are achieved predominantly by the
coherent precipitation of metastable γ″-Ni3(Nb,Ti) phase (ordered and bct DO22 crystal
structure [70, 77, 177]) providing coherency strain hardening as a result of inducing tetragonal
distortion in γ matrix (Ni-Cr-Fe phase) [76, 159]. The γ′-Ni3(Al,Ti,Nb) precipitates (coherent,
ordered and fcc L12 crystal structure [70, 177]) also provide a minor contribution to the
strengthening through chemical or order hardening mechanism due to its lower volume fraction
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(3-5%) in comparison with γ″ phase (10-20%) [75, 76, 160, 161]. Due to the presence of high
Cr content (19 wt.%) in the alloy composition of IN718, it shows excellent oxidation resistance
at high-temperature application regime [107, 178-180], and gives splendid protection against
corrosion in both dry and wet conditions [5, 52, 181]. These attributes are possible due to the
formation of a passive and continuous chromia scale (Cr2O3) on the outer surface of the
material which prohibits metal-medium contact for further metal dissolution [180, 182]. Apart
from its excellent physical and chemical attributes, the superior weldability of IN718 alloy was
also one of the prime reasons that cemented its importance and reputation to resist strain-age
cracking either during welding or annealing condition. The reasons are the sluggish hardening
response of γ″ precipitates, and the low concentration of Ti and Al resisting the rapid hardening
response of γ′ precipitates [4].
The fabrication of IN718 parts by wire-arc additive manufacturing (WAAM) process has been
evolved into a major topic of immediate interest in the scientific and research communities [1321, 23, 25, 29]. It is a type of directed energy deposition (DED) process based on inexpensive
and well-known arc welding technology which deposits material in a layer by layer fashion in
order to achieve a near-net shaped product. As IN718 alloy is an expensive and high strainhardening material [7], the free-forming manufacturing processes, like WAAM, have decisive
economic advantages over conventional fabrication methods in terms of reducing materials
wastage and lowering machining cost. Besides, the WAAM process is much cheaper, user
friendly, and has higher deposition rate and production capability than that of other additive
manufacturing methods [12, 147, 183]. The conventional gas tungsten arc welding (GTAW)
technique has already been used and is widely popular in joining as-cast or wrought IN718
alloy components for the production of welded assemblies, and repairing of damaged aircraft
parts during fabrication or service conditions to prolong the engine life and minimize the
associated costs related to component replacement [184, 185]. Thus, the GTAW-based WAAM
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system can be considered as an economically viable candidate to fabricate near-complete
IN718 metal components in future. Although, additive manufacturing (AM), in general, is still
in the stage of infancy, the integration of AM processes with conventional manufacturing
techniques has already been demonstrated to achieve the metal components with desired shape
and properties [186]. The wall geometry of additively manufactured samples has experienced
many complications due to its complex correlation with the processing parameters used in
WAAM process. Depending on the end-use application, it is necessary to optimize the
processing conditions in order to achieve the required dimensions of the fabricated
components. Tsurumaki et al. [16] conducted the effects of wire feed speed and deposition
current on the fabrication of IN718 thin wall geometry in repairing the damaged parts of turbine
blades using metal inert gas (MIG)-based WAAM technique. It was suggested that the width
and cross-sectional area of the wall followed a parabolic relationship under constant interlayer
temperature, and the processing parameters should be considered in such a way that would
avoid the dipping phenomenon of molten metal from the thin end of the plate. The influence
of welding parameters on the production of thick wall IN718 components using cold metal
transfer (CMT)-based WAAM process has recently been investigated by Kindermann et
al.[21]. The results showed that decreasing the travel speed increased both the height and width
of as-fabricated walls. However, decreasing the wire feeding speed decreased the wall width
only without affecting the wall height. In GTAW-based WAAM process, arc current was also
found to be an important parameter on the wall geometry of fabricating Ni-based superalloy
[187]. Thus, a comprehensive understanding of the effects of welding parameters on wall
geometry, as well as microstructure and mechanical properties of IN718 components [21, 188]
produced by GTAW-based WAAM process is still necessary to achieve material of desirable
quality and properties and to optimize the processing conditions for repeatability and
reproducibility.
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Based on the literature survey discussed above, the present study is attempted to understand
the effects of key processing parameters such as arc current, wire feeding speed and travel
speed on the sample geometry, microstructure and mechanical properties of as-fabricated
single bead IN718 alloys manufactured via GTAW-based WAAM process. This manuscript
uses the terms associated with AM technology according to the standard ISO/ASTM
52900:2015 [6].
4.2 Materials and methods
The welding arc was generated by creating an “avalanche” effect to ionize the welding grade
inert argon (Ar) gas atoms through a tungsten inert gas (TIG) torch which was energized by an
inverter power source with a water coolant unit. Both the wire (1.2 mm in diameter) and
substrate (200 x 100 x 6 mm3) used in this study were commercially available IN718
superalloys. The unidirectional deposition was made by continuously feeding the wire into the
molten pool created on the substrate in the presence of the arc from the welding torch. To
ensure the simultaneous feeding of wire into the molten pool during the deposition process, the
angle between the wire feeder and the torch was maintained at 60°. In addition to Ar gas
protection of the molten pool during welding process provided by the torch, an extra homemade supplying device of Ar gas was used to shield the deposited wall from high-temperature
atmosphere contamination during welding and cooling periods. The configuration of
experimental setup and the general operating parameters used in this work are presented in
Figure 4.1 and Table 4.1, respectively.
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Figure 4.1. The setup of gas tungsten wire-arc welding (GTWAW) based additive
manufacturing (AM) system.
Table 4.1. General operating conditions used in WAAM system.
Polarity

DCEN (Direct Current Electrode Negative)

Electrode

2 % Ceriated, 2.4 mm in diameter

Arc length

3.5 mm

Inert shielding gas

Welding grade Ar

Flow rate – TIG torch nozzle

8 L/min

Flow rate – trailing shield front

10 L/min

Flow rate – trailing shield rear

7 L/min

Pre-flow duration

3s

Up-slope duration

2s

Down-slope duration

1s

Post-flow duration

30 s
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Seven single bead walls (S1 to S7) of 120 mm in length were fabricated with 30 layers for each
set of conditions as shown in Table 4.2. Samples S1 to S3 were designated to study the
influence of altering arc current from 120 A to 160 A at constant cold wire feeding rate and
travel speed. Similarly, sample sets S3 to S5 were studied the effects of changing the cold wire
feeding rate, while the arc current and travel speed were fixed at 160 A and 100 mm/min,
respectively. Sample sets S3, S6 and S7 were evaluated the effects of varying travel speed at
constant arc current and cold wire feed rate of 160 A and 1000 mm/min, respectively. In all
cases, the heat input (kJ/mm) and the mass deposition rate (g/s) were calculated by considering
the arc efficiency for GTAW with DCEN polarity and the density of IN718 in annealed
condition as 0.77 [189] and 8.192 g/cm3 [100], respectively. The thermal history of the
deposition process was recorded by using a radiometric stationary infrared camera (Optrix PI)
equipped with real-time temperature measurement software system (Optrix PIX connect). The
ambient temperature was 21.3°C and the emissivity parameter for IN718 alloy was set to 0.285
[190].
After the deposition, the front and top macrographs for the entire as-fabricated (AF) wall in all
cases were collected using a digital camera setup in order to measure the wall height and width,
respectively. The wire electrical discharge machining (EDM) process was used to extract all
cross-sectional samples for metallographic analysis and mechanical testing. The size and shape
of the samples are schematically shown in Figure 4.2. The vertically cross-sectioned samples
of 2 mm thickness (Figure 4.2(a)) were polished according to the standard metallographic
procedure for Ni-based superalloys [191] in all cases using an automatic grinding/polishing
machine (Struers Tegrapol-21 equipped with TegraForce-5 and TegraDoser-5) and etched
electrolytically in a 10 wt.% oxalic acid solution at 6V for 10s. The preliminary microstructural
analysis was performed at different zones along the build direction (BD) for each sample by
using Nikon Eclipse LV100NDA optical microscope. Then, the key microscopic imaging and
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elemental composition of different microstructural features present in the wall were performed
using a conventional tungsten filament based SEM (JEOL JSM-6490LA)-EDS (AZtecEnergy)
system at 20kV. Later, the Vickers microhardness results were collected along the wall height
(BD) at 1kg indentation load for 10s by using the automatic Matsuzawa Via-F hardness setup.
After that, the identification of crystalline phases for AF samples extracted from middle part
of the wall (Figure 4.2(b)) in all cases was done by X-ray diffraction (XRD) technique (MMA,
GBC) using the monochromatic radiation of CuKα (1.5418 Å in wavelength). Finally, the
room-temperature tensile tests of deposited samples in all cases were conducted in Instron 3367
machine at a loading rate of 1mm/min. Due to the height limitation of deposited materials
(discussed in section 4.3.1.2), three micro-tensile samples (Figure 4.2(c)) were removed only
along the welding direction (WD) for each case. The strain data was collected using a
contactless optical measurement system (Mercury RT) based on a single high-speed camera
and real-time image processing technology.
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Table 4.2. The different processing parameters set to produce as-fabricated (AF) walls during WAAM process.
Parameters

Arc current
(A)

Voltage
(V)*

Cold wire
feed speed
(mm/min)

Travel speed
(mm/min)

No. of
layers

Heat input
(kJ/mm)

Mass deposition
rate

Specific deposition
energy (kJ/g)

(g/s)

No. of
Samples
S1

120

13

1000

100

0.72

0.154

10.12

S2

140

13.8

1000

100

0.89

0.154

12.52

S3

160

14.5

1000

100

1.07

0.154

15.03

S4

160

14.5

2000

100

1.07

0.309

7.52

S5

160

14.5

3000

100

1.07

0.463

5.01

S6

160

14.5

1000

200

0.54

0.154

15.03

S7

160

14.5

1000

300

0.36

0.154

15.03

30

* Here, the voltage is approximate value as it is dependent on the arc length of the welding operation which was maintained manually. On the
other hand, the welding operation was performed using a constant-current power source.
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Figure 4.2. The schematic representation of sample dimensions (in mm): (a) vertical crosssectioned sample parallel to BD-TD plane for microstructure and microhardness study, (b)
XRD samples parallel to TD-WD plane, and (c) micro-tensile samples extracted from middle
part of wall along WD (BD: build direction, TD: transverse direction, and WD: welding
direction).
4.3. Results and discussion
4.3.1. Raw materials characterization
Figure 4.3 shows the SEM cross-sectional micrographs and elemental compositions of various
microstructural features for as-received wire and substrate used in this study under unetched
condition, respectively. As shown in Figure 4.3(b) and (f), the alloy composition (γ-matrix of
Ni-Cr-Fe) of both wire and substrate was found to be within the specified range for Inconel
718 superalloys with SAE International standards AMS5832H [192] and AMS5597G [193],
respectively. Two types of microstructural features with blocky morphology were clearly
visible in both the wire and substrate cross-sections as these were highly contrast in color. The
bright features were found to be Nb-rich Nb(Ti)C particles (EDS results in Figure 4.3(c) and
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(g)) distributing throughout the γ-matrix which are considered to be the primary carbides in
IN718 superalloys due to the segregation of Nb and C during solidification [82, 194, 195]. On
the other hand, randomly distributed dark precipitates were determined to be complex Ti-rich
Ti(Nb)(N,C) carbo-nitride (EDS results in Figure 4.3(d) and (h)) resulting at above the final
eutectic temperature during solidification due to elemental segregation [82, 83]. No evidence
of carbo-nitrides of NbC casing with TiN core has been observed in either cases which is the
typical morphological feature of carbo-nitrides in IN718 alloys. The formation and morphology
of carbo-nitrides during the deposition of IN718 using WAAM process is further discussed in
section 4.3.2.3.

Figure 4.3. EDS spot analyses of (b, f) matrix, (c, g) NbC, and (d, h) (Ti,Nb)(C,N) for IN718
wire (a) and substrate (e), respectively.
4.3.2. Effects of welding process parameters
4.3.2.1. Heat input and deposition rate
The graphical representation in the influence of welding parameters on heat-input, materials
deposition volume and specific deposition energy during the fabrication of Inconel 718 wall
using WAAM process is shown in Figure 4.4. The heat input is the most fundamental physical
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parameter used in welding which controls the quantitative value of transferred heat (J) into the
weldment by unit length (mm) and the formula is given below:
𝐻𝑒𝑎𝑡 𝑖𝑛𝑝𝑢𝑡 (𝐽/𝑚𝑚) =

𝐶𝑢𝑟𝑟𝑒𝑛𝑡 (𝐴) × 𝑉𝑜𝑙𝑡𝑎𝑔𝑒 (𝑉) × 60 × 0.77
𝑇𝑟𝑎𝑣𝑒𝑙 𝑠𝑝𝑒𝑒𝑑 (𝑚𝑚⁄𝑚𝑖𝑛)

(4.1)

In equation (4.1), 0.77 is the arc efficiency for GTAW with DCEN polarity [189]. In general,
it primarily affects the geometrical correctness and deposition defects in welded parts inducing
distortion and residual stresses, and the mechanical characteristics of the welded joints altering
the direction of phase transformation due to the variation in cooling rate [157]. It is seen from
Figure 4.4 that the variation in arc current and travel speed has significant impact on heat input
in GTAW-based WAAM process. Under constant travel speed (S1 to S3), increasing current
resulted in higher heat inputs which conducted greater amount of heat from torch (cathode) to
substrate/deposited metal (anode) to generate a large molten pool. On the contrary, faster
welding travel speeds transferred less heat into work piece per unit length due to the rapid
movement of welding arc in relation to work piece and reduced weld pool size (samples S3,
S6, S7). It is to be understood that the heat input was independent of wire feed speed in the
GTAW-based WAAM setup conditions used in this study (S3 to S5). Unlike consumable
electrode (or filler metal) related welding processes such as GMAW [157] or CMT [196], wire
feed speed does not determine the current to influence the heat input in GTAW-based system.
As a result, the ratio of wire feed speed to travel speed was not considered as a processing
parameter in the present study unlike the work done by Yildiz et al. [196] using CMT process.
As shown in Figure 4.4, the material deposition rate was dependent on cold wire feed rate and
welding travel speed, and can be presented using the formula as follows [196]:
𝐷𝑒𝑝𝑜𝑠𝑖𝑡𝑒𝑑 𝑚𝑎𝑡𝑒𝑟𝑖𝑎𝑙 𝑣𝑜𝑙𝑢𝑚𝑒 (𝑚𝑚3 ⁄𝑚𝑚) =

𝑊𝑖𝑟𝑒 𝑎𝑟𝑒𝑎 (𝑚𝑚2 ) × 𝑊𝑖𝑟𝑒 𝑠𝑝𝑒𝑒𝑑 (𝑚𝑚⁄𝑚𝑖𝑛)
𝑇𝑟𝑎𝑣𝑒𝑙 𝑠𝑝𝑒𝑒𝑑 (𝑚𝑚⁄𝑚𝑖𝑛)

(4.2)
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At constant current and travel speed (S3 to S5), increasing wire feed speed increased the supply
of material in the molten pool and the volume of weld metal deposition per unit length. A
complete opposite result was observed in case of increasing travel speed. Under fixed current
and cold wire feeding rate (samples S3, S6, S7), faster welding travel speeds completed the
deposition of a single pass quickly and minimized the volume of deposition of material.
Generally, the selection of travel speed depends on the fabrication efficiency (productivity) and
the nature of welded parts [16, 157]. The rule of thumb involves proportional increase in travel
speed with increasing wire feed speed (and vice versa) in order to avoid the humping effect
[21, 196]. The variation in arc current did not affect the material deposition volume under
constant wire speed and welding speed (samples S1 to S3) as it only ensured the supply of
sufficient arc energy into the work piece to create a molten pool and melt the feeding wire.
The specific deposition energy is a physical term recently used in AM-based processes in order
to evaluate the optimal energy required to transfer into the weldment avoiding the formation
of lack of fusion zone [197]. It is defined as the ratio of supplied energy (J) to deposited mass
(g), and can be calculated using the formulas given below for WAAM-based process:
𝐶𝑢𝑟𝑟𝑒𝑛𝑡 (𝐴) ×𝑉𝑜𝑙𝑡𝑎𝑔𝑒 (𝑉)

𝑆𝑝𝑒𝑐𝑖𝑓𝑖𝑐 𝑑𝑒𝑝𝑜𝑠𝑖𝑡𝑖𝑜𝑛 𝑒𝑛𝑒𝑟𝑔𝑦 (𝐽/𝑔) = 𝑀𝑎𝑠𝑠 𝑑𝑒𝑝𝑜𝑠𝑖𝑡𝑖𝑜𝑛 𝑟𝑎𝑡𝑒 (𝑔/𝑠)
𝑀𝑎𝑠𝑠 𝑑𝑒𝑝𝑜𝑠𝑖𝑡𝑖𝑜𝑛 𝑟𝑎𝑡𝑒 (𝑔/𝑠) =

𝐷𝑒𝑛𝑠𝑖𝑡𝑦 (𝑔⁄𝑐𝑚3 ) × 𝑊𝑖𝑟𝑒 𝑠𝑝𝑒𝑒𝑑 (𝑚𝑚⁄𝑚𝑖𝑛) × 𝑊𝑖𝑟𝑒 𝑎𝑟𝑒𝑎 (𝑚𝑚2 )
60 ×1000

(4.3)

(4.4)

It is to be noted that the specific deposition energy is independent of welding travel speed.
According to previous work done by Nursyifaulkhair et al. [197], high energy supply and low
feeding rate conditions under constant travel speed were suitable to obtain correct specific
energy to avoid the formation of lack of fusion zone. Under the present experimental
conditions, no lack of fusion zone was found in the build-up walls. As shown in Figure 4.4,
increasing arc current increased the specific energy under constant travel speed and cold wire
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feed rate (S1 to S3), whereas increasing cold wire feeding rate decreased the specific energy
under fixed current and welding speed (S3 to S5).

Figure 4.4. The influence of process parameters on heat input, material volume, and deposition
energy in WAAM process.
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4.3.2.2. Bead geometry
In this part, we will elaborate the effects of different processing parameters on the weld bead
geometry during WAAM process. It is important to understand the controlling aspects of arc
current, wire feed speed and travel speed in the formation of multi-layered single bead wall
dimensions in terms of wall height and width. Figure 4.5 demonstrates the front and top view
macrographs of the entire deposited build-up walls for different processing conditions. The
front view images were used to measure the height of the walls, whereas the top view
macrographs were considered to determine the width of the walls. The quantitative values of
width and height of the deposited walls under different processing conditions are shown in
Figure 4.6. It is seen from Figure 4.6 that it is possible to obtain a wide range of heights of
16.45-77.93 mm and widths of about 8.87-12.94 mm by changing the arc current, wire feed
speed and travel speed. Under constant cold wire feed rate and welding speed, increasing arc
current from 120 A for S1 to 160 A for S3 resulted in a decrease of about 16.8% in the wall
height (45.2 to 37.6 mm) and an increase of 31.2% in wall width (9.86 to 12.94 mm),
respectively. Applying high currents would supply high heat input and create a wider and
deeper molten pool exerting high arc pressure from the torch into the weldment during multipass welding process. Since the deposited material volume would remain the same as shown
in Figure 4.4 for S1 to S3 samples, the volume compensation should be made to increase the
width and decrease the height of the wall, respectively.
On the contrary, the wall height was found to be mostly affected by increasing the wire feed
speed under fixed current and travel speed for samples S3 to S5 as shown in Figure 4.6.
Increasing wire feed speed from 1000 mm/min for S3 to 3000 mm/min for S5 dramatically
increased the wall height by 107.3% on average (37.6 to 77.9 mm), while the wall width was
decreased only by 12.52% on average (12.94 to 11.32 mm). As we discussed previously, the
width of the deposited walls was predominately affected by the arc pressure exerted into the
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weldment with changing arc current under constant travel speed. Thus, the logical argument
would be to get constant values of wall width for S3, S4 and S5 samples under constant arc
current as seen in Figure 4.6. Since the volume of material deposition increased with increasing
wire feed speed for S3 to S5 samples as shown in Figure 4.4, the volume should be
compensated with increasing the height of the manufactured walls. Finally, the investigation
of changing the travel speed under constant current and wire feed speed was found to adversely
affect both the width and height of the fabricated walls for S3, S6 and S7 samples as shown in
Figures 4.5 and 4.6, respectively. The height and width of the walls were decreased by 56.25%
(37.6 to 16.45 mm) and 31.5% (12.94 to 8.86 mm), respectively when the travel speed was
increased from 100 mm/min for S3 to 300 mm/min for S7, as shown in Figure 4.6. As we
discussed in section 4.3.2.1, increasing travel speed reduced both the heat input and material
deposition volume to create thinner and shallower weld pool under fixed current and wire feed
speed. Table 4.3 summarizes the effect of different processing parameters on the wall geometry
fabricated by GTAW-based AM process in this study.
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Figure 4.5. The front and top macrostructural images of AF walls for different process
parameters.
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Figure 4.6. The effects of processing parameters on the wall height and width.
Table 4.3. The summary of the effect of different processing parameters on wall geometry.

Effect of increasing

Wall height

Wall width

Arc current

Decreased

Increased

Wire feed speed

Increased

Decreased

Travel speed

Decreased

Decreased
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4.3.2.3. As-fabricated macro- and micro-structural evolution
In-depth microstructural analysis was conducted on the vertical cross-sectioned AF samples
for different process parameters. Figure 4.7 gives both macroscopic and microscopic images
of AF walls extracted from BD-TD plane. In all deposition conditions, the light macro-graphic
images showed the existence of alternating light and dark patterns in the formation of interlayer
boundary as a result of remelting the previously deposited layer by the subsequent deposition
of a new layer. The interlayer boundaries were seen to protrude outwardly along the deposited
walls and the top part of the walls developed a convex meniscus after the deposition of the last
layer due to the high cohesive attraction or surface tension of molten liquid at the liquid-air
interface during welding. The wall microstructure was divided into three regions, namely the
near-substrate zone (NSZ), the middle zone (MZ) and the top zone (TZ), respectively.
Irrespective of welding conditions used in the present study, the microstructural evolution was
found to be homogeneous across the entire wall. A typical columnar dendritic structure was
developed growing continuously through the deposited layers in the upward direction, almost
parallel to the BD direction.
During weld solidification, the solid IN718 substrate was acted as the heterogeneous nucleation
site for the growth of the deposited IN718 filler metal retaining the same crystallographic
orientation from the substrate grain. This is known as epitaxial solidification of molten weld
metal on either newly formed nuclei or partly melted grain in the substrate metal. The epitaxial
growth is a spontaneous solidification process of consuming liquid metal along the preferential
easy growth directions such as the cube edges or <100> crystallographic directions for cubic
metals. The conditions become more prominent when these growth directions concur with the
heat dissipation direction through solid-liquid interface [93, 198]. As a result, the AF samples
showed strong preferential crystalline orientation under all processing conditions in
comparison with the commercial ARP sample as shown in Figure 4.8. A preferential or random
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grain orientation of epitaxial growth of columnar dendritic structure can be explained from the
XRD refection intensities. The texture coefficient, Tc(hkl) gives quantitative information about
the texture in the material indicating preferred growth orientation along a particular (hkl) plane
if it deviates from unity according to the following equation [199]:
𝑇𝑐(ℎ𝑘𝑙) = (𝐼(ℎ𝑘𝑙) ⁄𝐼𝑜(ℎ𝑘𝑙) )/[1⁄𝑁 ∑(𝐼(ℎ𝑘𝑙) ⁄𝐼𝑜(ℎ𝑘𝑙) )]

(4.5)

where I(hkl) is the experimentally obtained relative intensity of (hkl) plane from XRD data, Io(hkl)
is the standard XRD intensity of randomly orientated grains of (hkl) plane taken from ICDD
database for austenite (reference code: 00-033-0397 and PDF index name: Chromium Iron
Nickel Carbon), and N is the total number of diffraction peaks considered. Five diffractions
peaks were identified within the 2θ range (30-100°) from the ICDD data that belong to (111),
(200), (220), (311), and (222) reflections respectively. The texture coefficient of each reflection
was calculated and are presented in Table 4.4.
From equation 4.5, it is seen that the value of Tc(hkl) ≈ 1 represents the existence of grains in the
structure having (hkl) plane in random orientation similar to the reference ICDD data. When
Tc(hkl) = 0, it means the absence of grains in the structure of a specific (hkl) plane. If the value
falls within the range of 0 < Tc(hkl) < 1, then it indicates the lack of grains or crystallites in the
microstructure having (hkl) plane in comparison with reference ICDD data. If Tc(hkl) > 1, then
the structure has preferred growth orientation of grains in the direction normal to the (hkl)
plane. Since we considered 5 diffraction peaks in the calculation, the maximum value of Tc(hkl)
should be 5. This represents all the grains in the microstructure preferentially grew in the
crystallographic direction normal to the (hkl) plane under consideration and the material is
100% textured. According to Gao et al. [200], the standard deviation (σ) of all the texture
coefficient values for (hkl) planes can be considered to analyze the degree of texture using the
following equation:
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Figure 4.7. Optical microscopic images of cross-sectional AF walls for different process parameters.
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Figure 4.7. (Continued)
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Figure 4.8. XRD graphs of AF samples S1-S7 and as-received IN718 plate (ARP).
Table 4.4. The quantitative values of texture coefficient, Tc(hkl) of a specific (hkl) reflection and
degree of texture , σ obtained for different samples.
Samples

Texture coefficient

Degree of texture

Tc(111)

Tc(200)

Tc(220)

Tc(311)

Tc(222)

σ

ARP

1.53

0.73

1.27

0.69

0.77

0.34

S1

0

4.74

0

0.26

0

1.87

S2

0

5

0

0

0

2

S3

0

5

0

0

0

2

S4

0

3.73

0.08

1.18

0

1.44

S5

0

4.91

0.09

0

0

1.96

S6

0

4.95

0

0.05

0

1.97

S7

0

0.87

0

4.13

0

1.60
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2

𝜎 = √[∑(𝑇𝑐(ℎ𝑘𝑙) − 𝜇) ]⁄𝑁

(4.6)

Where, µ is the arithmetic mean of Tc(hkl) values which is 1. When σ = 0, the structure has
complete random growth orientation identical to the reference ICDD data. If the value of σ >
0, then structure has texture component with preferential growth orientation. As shown in Table
4.4, the AF samples exhibited strong texture than that of ARP sample due to the epitaxial
growth of columnar structure along the BD direction.
The columnar dendritic substructure was mainly composed of primary γ core regions (DCR)
having high-solidus temperature (white color) which were surrounded by low-melting point
interdendritic regions, ICR (dark color) as shown in Figure 4.7. According to Knorovsky et
al.[90], the solidification of IN718 weld structure was reminiscent of binary eutectic phase
diagram. The primary proeutectic γ started to crystallite from molten metal developing the
DCR by rejecting solute elements at the near vicinity (or periphery) of solid-liquid dendritic
interface. The extent of solute rejection or microsegregation of an alloy can be characterized
by the compositional difference between core region and periphery of solid-liquid dendritic
interface. The equilibrium partition coefficient or solute redistribution coefficient, denoted as
k, is used to measure the segregation potential of an alloy which is the compositional ratio of
solid and liquid in equilibrium at a given temperature within the solidification range for a
particular solute element. For IN718 alloy, the value of k should be less than unity due to the
rejection/partition of solute to the liquid. In this study, it is possible to calculate the partition
coefficient, k quantitatively for WAAM IN718 alloy using the following relationship:
𝐶𝑠 = 𝑘𝐶𝑜 (1 − 𝑓𝑠 )𝑘−1

(4.7)

Where, Cs is the solute content at solidified volume fraction of fs and Co is the solute content in
alloy. At the beginning of solidification (fs = 0), the composition of the DCR can be considered
as Cs. As shown in Figure 4.9b, the Nb content in the DCR was found to be 2.45 wt.% in
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WAAM IN718 alloy in comparison with the value of 5.13 wt.% for IN718 wire in Figure 4.3b.
This gives a k value of 0.48 which is less than 1. Similar observations were also reported in
early works [63, 90]. As a result, it gradually developed a highly segregated terminal liquid of
solute elements just close to solid-liquid dendritic interface creating a solute gradient or profile
to a certain distance into the molten metal. Since k < 1, the solute content would gradually
decrease along the distance from the solid-liquid interface to the actual alloy composition (Co)
of molten metal. This would create a situation where the actual temperature of liquid at the near
vicinity of interface became lower than that of the equilibrium liquidus temperature of the alloy
corresponding to Co and a positive temperature gradient (GT) would exist as a function of
distance from the interface. If the slope of this actual temperature gradient (GT) was lower than
that of the slope of line tangent drawn on liquidus temperature line at the solid-liquid interface,
the liquid was undercooled and the columnar grain growth would commence. This
phenomenon is known as constitutional supercooling or undercooling of liquid at the solidliquid interface and the columnar dendritic morphology of grain growth is favored as the degree
of constitutional supercooling increases into the liquid [93, 95, 198, 201, 202].
The epitaxial growth of columnar dendritic morphology of IN718 AF walls fabricated by
WAAM process occurred due to the constitutional supercooling of heavy solute elements
(especially Nb). This situation was fueled by the low temperature gradient (GT) in the liquid
during solidification due to the high heat input from GTAW setup and slow cooling rate from
multipass deposition, and the high growth rate (V) of liquid-solid interface during solidification
due to the epitaxial nucleation. The morphology parameter is defined as the ratio of GT/V
establishing the stability criterion for the evolution of columnar grain morphology at the solidliquid interface using the concept of constitutional undercooling which can be mathematically
expressed as [95, 202]:
𝐺𝑇 ⁄𝑉 < − 𝑚𝐿 𝐶𝑜 (1 − 𝑘)⁄𝑘𝐷𝐿 = ∆𝑇𝑜 ⁄𝐷𝐿

(4.8)
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Where mL is the slope of liquidus line, DL is the diffusion coefficient of solute elements in
liquid, and ΔTo is undercooling during non-equilibrium solidification. From equation 4.8, it is
clear that lower value of GT/V provides larger undercooled liquid zone (ΔTo) leading to severe
constitutional undercooling and yields columnar grain morphology. Also IN718 superalloy
contains several heavy solute elements (Nb, Mo, Ti) with k < 1 (from equation 4.7) and thus
these elements have strong tendency to segregate preferentially at solid-liquid interface during
solidification. Another important aspect is the local cooling rate at solid-liquid interface which
is the product of GT*V determining predominantly the secondary dendritic arm spacing
(SDAS). As seen in Figure 4.7, the microstructure of AF walls rarely developed any secondary
dendritic arms under different processing conditions. The microstructures were solely made of
primary γ core regions and the spacing between two core regions can be considered as the
primary dendritic arm spacing (PDAS). Under constant travel speed, the PDAS of adjacent
core regions was seemed to be independent of arc current (S1 to S3) or wire feed speed (S3 to
S5). On the other hand, refined columnar grain structure was observed with increasing travel
speeds for S6 and S7 samples in comparison with S3 sample. During fast welding travel speed,
the supply of heat input into the molten pool decreased. As a result, it accelerated the cooling
rate and reduced solidification time of the weldment which would provide higher growth rate
(V) of liquid-solid interface reducing the dendritic tip radius [95, 97].
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Figure 4.9. EDS spot analysis of (b) dendritic core region (DCR), (c) interdendritic region
(ICR), (d) NbC, (e) (Ti,Nb)(C,N), and (f) Laves for S5 in (a).
The microstructural evolution of different phases in the solidified AF parts was extensively
investigated in each condition. In all conditions, three types of phases were identified, namely
Ti-rich Ti(Nb)(N,C) carbo-nitride, Nb-rich Nb(Ti)C and laves phase (Ni, Cr. Fe)2(Nb, Mo, Ti)
as shown in Figure 4.9. NbC and laves phases were mostly found in the IDR due to the strong
microsegregation of solute elements (especially Nb), wherein carbo-nitrides were formed in
DCR. The solidification sequence of these phase constituents in IN718 parts during WAAM
can be interpreted from a previous study with varying cooling rates [91]. It was found that the
phase evolution of AM parts in this study was exactly the same for slow cooling rate (0.25 55°C/s) processes. Figure 4.10 shows a typical temperature-time profile of AF wall (S5) during
WAAM process. Since WAAM is a multipass welding process, a deposited layer is expected
to experience either complete melting or partial melting or both on multiple occasions. As for
example in Figure 4.10a, the 4th layer was seen to experience complete melting by crossing the
liquidus temperature on 3 times and partial melting by crossing the solidus or eutectic
temperature on 2 times, respectively after subsequent depositions. The average cooling rate
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was determined by using the classical solution of Newton’s law of cooling [149, 203] from the
temperature-time profiles that were only crossed the liquidus temperature. The average cooling
rate was found to be (5.03 ± 0.48), (6.73 ± 0.49) and (6.36 ± 0.52)°C/s for NSZ, MZ and TZ
respectively. Thus, the solidification sequence of phase evolution at slow cooling rates from
molten IN718 alloys during WAAM process can be summarized as follows [90, 91]: L
Above liquidus

→

1340°C

TiN +L →

1075°−1160°C

NbC) + L′′ →

1265°−1280°C

proeutectic austenite (γ) + L′ →

eutectic (γ +

eutectic (γ + laves). The precipitation of TiN was occurred first at

above liquidus temperature from the molten IN718 alloy (L) corresponding to actual alloy
composition (Co) due to the segregation of N and Ti which was a function of N concentration
in alloy and temperature [83]. After crossing the liquidus point at 1340°C, proeutectic γ started
to nucleate epitaxially forming DCR as well as enriching the molten liquid (L′) composition
with Nb and C interdendritically. The precipitation of NbC would commence via eutectic
γ/NbC reaction when the composition of C and Nb in liquid (L′) reached at 0.25 wt.% and 10.5
wt.%, respectively [82]. As seen in Figure 4.9(a), NbC could develop in the form of shell with
a TiN core and has been identified as carbo-nitrides. These complex particles were developed
as TiN precipitates acted as nucleating sites for the formation and growth of primary NbC in
IN718 alloys [82, 83]. It was assumed that the majority of C consumption happened during the
eutectic γ/NbC reaction step and the remaining liquid (L′′) was continued to enrich in Nb by
forming proeutectic γ as the cooling proceeded. Finally, the solidification terminated at ICR
via eutectic γ/laves reaction when the terminal liquid (L′′) composition reached at 19.1 wt.%
Nb [90]. This resulted an Nb-enriched γ phase (Figure 4.9c) and laves precipitates (Figure 4.9f).
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Figure 4.10. (a) The thermal history of the deposited wall (S5) in the middle position along the
build-up direction at a distance of 5 mm, 40 mm and 100 mm from the substrate for nearsubstrate zone (NSZ), middle zone (MZ) and top zone (TZ), respectively. The thermal images
show the temperature distribution along the wall height for (b) 4th pass, (c) 13th pass, (d) 33rd
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pass, and (e) 40th pass. In (a), the red color oval shaped areas indicated the instrumental
limitation on recording the full temperature profiles from 1500°C (max) to room temperature.
The recoded profiles were collected in two regimes, namely high-temperature regime (1500200°C) and low-temperature regime (250-0°C), respectively. The horizontal line for NSZ in
high temperature regime indicated that the temperature was below 200°C, whereas the vertical
line for TZ indicated that the temperature was above 250°C in low-temperature regime.
4.3.2.4. Mechanical properties
The microhardness measurements were conducted on AF walls for each processing condition
from bottom (NSZ) to top (TZ) along the centerline of the BD-TD plane (the macroscopic
images are shown in Figure 4.7). Figure 4.11(a) shows the hardness variation profiles as a
function of wall height from the substrate. It is to be understood that it was difficult to specify
different regions along the hardness profiles due to the wall height variation for different
processing conditions. It is apparent that the hardness values were fluctuating along the wall
height under all processing conditions. The highest value of microhardness resulted in the
bottom (NSZ) parts of AF samples, and gradually decreased as the wall height increased. This
phenomenon was extensively studied by Zuo Li et al. [190] for IN718 alloys using timetemperature profiles for different regions. It was concluded that the hardness variation was
originated due to the precipitation of δ, γ′ and γ″ along with laves phases in IDR. The minimum
incubation time periods for these phases to precipitate in heavily segregated ICR were found
to be 540s, 124s and 57s in their respective fastest temperature ranges. Under the present
experimental condition, the holding times for δ, γ′ and γ″ phases during cooling were
determined to be 107.9s, 100.6s, and 120.6s, respectively for NSZ (Figure 4.10a). Thus, it is
assumed that the increased hardness in NSZ was established due to the presence of minor
amounts of γ″ precipitates and laves phases in IDR during the solidification process of AF
walls. It is noteworthy to mention that the holding times for the precipitation of these phases in
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MZ and TZ were lower than the required incubation time periods, and these phases did not
form giving low hardness values. Figure 4.11b represents the average hardness results for AF
walls under different processing conditions. It is clear that the processing parameters do not
have any significant impact on overall hardness values giving only 4.7% difference from the
highest value (260 ± 22 HV) for S3 to the lowest value (248 ± 33 HV) for S6. The commercial
IN718 plate (ARP) showed lower hardness value of 225 ± 7 HV in comparison with AF
samples under all processing conditions due to the absence of various phase constituents,
especially laves phases. The effects of processing parameters on the increment of
microhardness values due to the grain refinement of WAAM IN718 alloys have recently been
studied [21]. In this study, it is clear that the microhardness value is more dependent on the
phase constituents rather than grain boundary density. Otherwise, the ARP sample should have
given the highest microhardness value as the grain size of ARP sample was much more refined
than that of AF samples under any conditions (Figure 4.3 in section 4.3.1).

Figure 4.11. (a) Vickers microhardness values of the AF walls as a function of the wall height
for different processing conditions, and (b) The average microhardness results of the AF walls
S1-S7 with as-received IN718 plate (ARP) for comparison.
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Figure 4.12a shows the stress-strain curves of tensile tests obtained for each processing
condition. The average tensile properties, namely yield strength (YS), ultimate tensile strength
(UTS) and elongation are shown in Figure 4.12b. Like the microhardness results as shown in
Figures 4.11b, the average tensile properties do not seem to vary considerably for different
processing conditions. From the discussion on microstructural evolution in section 4.3.2.3, the
grain morphology and phase constituents were found to be identical in nature for all processing
conditions, despite the fact that a relatively finer PDAS was observed with increasing the
welding travel speed. Thus, under the present experimental conditions, the effects of processing
parameters on mechanical properties of AF walls were found to be similar in nature due to
having identical microstructural morphology and phase constituents.

Figure 4.12. (a) The engineering stress-strain graphs, and (b) the average tensile properties of
S1-S7 tensile samples loaded in welding direction at room temperature.
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Extensive SEM analysis was conducted on the fracture surfaces for all the samples and Figure
4.13a shows the fracture position of all the tensile samples. It was found that the morphology
of fractured surfaces was identical in nature in all cases. Figures 4.13b-c show a typical fracture
surface for S5 sample under uniaxial tensile loading condition at room temperature. At low
magnification (Figure 4.13b), the fractured surface yielded an intragranular or transgranular
ductile failure mode to be the failure mechanism. The fracture path was followed by the
continuous shearing of well-defined crystalline planes (200) of large columnar grains along
<100> crystallographic directions almost parallel to the BD direction as discussed in section
4.3.2.3. As a result, an elongated dimpled fracture surface of DCR was developed with tear
ridges. The microvoid coalescence of dimples was observed which indicated that the ductile
fracture mechanism was resulted due to the nucleation and growth of voids in second-phase
particles of laves and carbides. As large laves particles are brittle and incoherent with the γmatrix [70], the inter-phase decohesion and dislocation pile-up mechanisms were possibly
occurred during the later stage of plastic deformation in order to nucleate voids [204]. On the
other hand, both NbC and Ti(CN) particles are hard and show cube to cube orientation
relationship with γ-matrix [205]. Thus, the dislocation pile-up mechanism was the preferred
condition to create small voids next to the particle. The dislocation pile-up could generate
severe tensile stresses around the second-phase particles that might cause the removal of
particles as indicated by black arrows in Figure 4.13c [204].
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Figure 4.13. (a) Fractured tensile samples, (b-c) SEM imaging of fractured tensile surface
morphologies of S5 sample at room temperature.
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4.4. Conclusions
An initial attempt has been made to investigate the effects of welding parameters such as arc
current, cold wire feeding rate and welding speed on the energy input, sample geometry,
microstructural evolution, and mechanical properties of as-fabricated (AF) WAAM IN718
superalloys in this work. Under the present experimental conditions, the following conclusions
can be drawn:
1. IN718 build parts were fabricated without any noticeable defects, such as humping effect
and lack of fusion zone.
2. The results showed that the wall height was most affected by the wire feed speed and travel
speed, whereas the width of the fabricated walls was predominantly influenced by the arc
current and travel speed.
3. The epitaxial growth of columnar dendritic morphology of AF walls under all processing
conditions was formed due to the constitutional undercooling, high heat input and slow
cooling rates during GTAW-based WAAM process. The microstructure can be divided into
two regions based on the compositional heterogeneity. The DCR is an Nb-depleted γ phase
containing Ti-rich carbo-nitrides particles, whereas primary NbC and laves precipitates
were formed in IDR with an Nb-enriched γ phase.
4. The mechanical properties of AF samples in terms of hardness and tensile strength were
found to be similar and independent of the effect of processing parameters.
5. The transgranular ductile failure mode was occurred by the micro-void coalescence
mechanisms in second-phase particles of laves and carbides that sheared the crystalline
large columnar grains along the build direction.
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Chapter 5: Microstructural characterization, mechanical properties and
oxidation performance of solution-annealed and precipitation hardened
wire-arc additively manufactured Inconel 718 superalloys
5.1. Introduction
In general, IN718 superalloy is a Niobium (Nb) modified nickel (Ni)-based austenitic (γ) solidsolution of iron (19 wt.% Fe), chromium (19 wt.% Cr) and molybdenum (3 wt.% Mo) providing
the solid-solution hardening response to γ-matrix. It is used in heat-treated and precipitation
hardened condition by forming coherent hardening phases of metastable γ″-Ni3(Nb,Ti) and
equilibrium γ′-Ni3(Al,Ti,Nb) with γ-matrix [184] which provide excellent mechanical
properties (tensile, creep, rupture and fatigue strength) at elevated temperatures [19, 100, 172,
174] and superior weldability to subside strain-age cracking [4]. Being a chromia (Cr2O3)
former, IN718 also provides splendid protection against oxidation and corrosion in both high
temperature dry (or gaseous) and wet (or aqueous) environments [5]. Due to its outstanding
mechanical, chemical and welding attributes, it is useful in wide range of applications such as
aircraft gas turbines, reciprocating engines, cryogenic space vehicles, nuclear power plants, oil
and gas-field parts, marine, superconducting magnet assemblies, military [1, 49, 52, 206].
However, IN718 superalloy parts are inherently expensive due to the high percentage of base
metal element of Ni itself and the presence of variety of other alloying elements [5] and have
extremely poor machinability (the machinability index of 12) due to the high strain hardening
tendency and low thermal conductivity [7, 8]. Thus, the cost-effective and innovative
manufacturing processes, such as WAAM in this case, in the fabrication of near-net shaped
IN718 parts have prominent economic advantages over conventional methods in terms of
utilizing the material properly by reducing the overall cost during the production cycle with
minimal machining process to produce minimal wastage in the form of scraps. Due to these
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unique features of WAAM processes, the fabrication of high-value added materials, like
INCONEL® alloy 718 [100] (IN718), has been attracted significant attention for R&D activities
from the scientific community in recent years [16-21, 23-29, 32, 34, 146, 207].
The microstructure of as-built (AB) wall fabricated using WAAM system developed a highly
textured γ-matrix of large columnar grains of dendritic morphology. The strong texture
component of {100}〈001〉 (Cube) texture along the build-up direction (BD) was formed [19,
29] due to the epitaxial solidification of molten metal along the preferred easy growth
directions of cube edges by coinciding with the heat flow direction through solid-liquid
interface [93, 198]. The dendritic morphology of columnar γ-matrix was composed of Nbdepleted pro-eutectic dendritic core γ regions (DCR) containing Ti-rich carbo-nitrides
inclusions along with Nb-enriched eutectic interdendritic γ regions (IDR) containing Nb-rich
carbides and laves precipitates. The high heat input and slow cooling rate of WAAM process
were provided the necessary conditions for heavy elements (Nb, Ti, Mo) to segregate
interdendritically via constitutional undercooling [19, 63, 90, 91]. The standard solution
annealed and precipitation hardened (SA) condition (AMS5662 [165] or AMS5663 [166]) in
the delta (δ) sub-solvus temperature range of 926-1010°C is considered to be the optimum heattreatment for IN718 superalloy in order to achieve highest tensile, yield and fatigue strengths
[100] along with high resistance to creep and stress-rupture up to 704°C and oxidation
resistance up to 982°C [165, 166]. As a result, the influence of SA condition on the
microstructural evolution and mechanical properties of WAAM-fabricated IN718 parts have
been extensively investigated in recent years [17, 18, 20, 21, 25, 27]. It was found that the
microstructure remained highly textured with columnar dendritic morphology and the Nb-rich
eutectic γ of IDR was transformed into the acicular or rod-like δ phase surrounding the residual
laves phase. A weak anisotropic tensile properties were observed that surpassed the minimum
requirements for cast IN718 [67], but failed to comply with the wrought counterparts [100,
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165, 166] due to the large columnar grain size and excessive utilization of %Nb in the formation
of δ and laves phases rather than the important strengthening phases of γ″ and γ′ [17, 18, 25].
According to Xu et al. [17], these disadvantages of SA-treated WAAM IN718 alloys can be
overshadowed through thermomechanical processing by texture weakening and mechanically
induced recrystallization of columnar grains. It is also to be understood that the WAAMprocessed IN718 superalloys should not only meet the physical and mechanical requirements,
but also satisfy the chemical attributes providing excellent resistance to oxidation and corrosion
under high-temperature regime particularly in modern gas turbine engines with high firing
(inlet) turbine temperature for less fuel consumption, high engine efficiency and high power
output [35, 36]. The application of high temperature will accelerate the oxidation kinetics in
IN718 alloy parts and degrade the material performance inducing oxidation assisted
intergranular crack propagation and growth [208-213]. As a result, a number of research
articles have recently been devoted to the understanding of high-temperature oxidation
behaviour of IN718 superalloys fabricated by different AM processes, such as DED [22, 163,
214], selective laser melting (SLM) [106, 180, 215-218] and electron beam melting (EBM)
[106, 218-221].
In general, according to the work done by Giggins and Pettit [117] on the oxidation behaviour
of Ni-based Ni-Cr-Al alloys at high temperatures, the composition of IN718 superalloy belongs
to the group II alloys forming a protective Cr2O3 scale externally with sub-scale of internal
Al2O3 precipitates within the alloy matrix. However, the real scenario is much more
complicated due to the existence of other alloying elements whose are thermodynamically
more reactive towards oxygen at high temperatures than that of Cr from the Ellingham diagram
in the following order: Al2O3 > TiO2 > MnO > NbO2 > Cr2O3 > NiO [109, 110]. It was observed
that the oxidation kinetics of IN718 alloys fabricated using AM processes obeyed the parabolic
rate law without the dependency on the oxidation temperatures [22, 106, 163, 180, 215-217,
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221]. Interestingly, the evolution of oxide phases or layers in AM fabricated IN718 parts were
found to be temperature dependent. Below 800°C, a very thin, continuous and non-porous layer
of protective Cr2O3 was only detected [219, 221]. On the other hand, the formation of a multiple
layer of oxide phases was found to be reported in literature with definite discrepancy at or
above 800°C. Jia and Gu [180] reported the formation of granular structured Cr2O3 scale with
small amount of non-protective NiCr2O4 and NiFe2O4 spinel phases in SLM-built AM samples
at 850°C. Excessive internal oxidation was observed in the samples which was surprisingly not
evaluated in the results. Later, Calandri et al. [215] reported the evolution of a multi-layered
scale in SA-treated SLM-built AM samples at 850°C. It was composed of (i) an outer layer of
Cr2O3 with entrapped metal particles, (ii) a quasi-continuous Nb-rich interlayer of intermetallic
Ni3Nb at the metal/oxide interphase, and (iii) internal oxidation of Al2O3 and TiO2 along grain
boundaries. At 900-1000°C, Kang et al. [217] showed the existence of an outermost layer of
probable Nb2O5 phase, and spinels of FeCr2O4 and NiCr2O4 at the air/oxide interface on top of
the protective Cr2O3 scale along with internally formed Ni3Nb, Al2O3 and TiO2 phases in SAtreated IN718 sample by SLM process. For SA-treated samples fabricated using EBM process,
Sadeghi et al. [221] identified the formation of protective external Cr2O3 scale with lessprotective Fe2O3, NiCr2O4 and FeTiO3 oxides as well as internally formed branched structure
of Al2O3 at 850°C. More recently, Sanviemvongsak et al. [106, 218] have conducted in-details
oxidation tests on both SLM and EBM samples at 850°C. It was concluded that the multilayered oxide scale was composed of external Cr2O3 scale at air/alloy interface with outermost
layer of TiO2 and spinel-MnCr2O4 at air/scale interface, either an Nb-rich rutile-type TiNbO4
phase or non-oxidized δ (Ni3Nb)-phase at scale/alloy interface and internal sub-scale of Al2O3
and TiO2. However, a complete oxidation related study on SA-treated WAAM IN718 samples
is still missing, such as the activation energy of oxidation reaction, temperature dependency on
oxide phase formation and mechanical properties over a range of oxidation temperatures. To
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better understand the oxidation resistance of SA-treated IN718 alloys using WAAM process,
the obtained results need to be compared with other AM processes as well as wrought products.
In the present research work, the microstructural evolution, mechanical properties and
oxidation resistance of SA-treated IN718 alloys fabricated using WAAM process were
investigated and compared with a commercially available wrought IN718. First, the effects of
standard SA-treatment on microstructure, mechanical strength in terms of micro-hardness and
room-temperature tensile tests and fractography of WAAM IN718 alloys were evaluated. Then,
the oxidation resistance of SA-treated WAAM IN718 parts was characterized at 800-1000°C
up to 100 h in a static laboratory air condition. It is to be mentioned that the present manuscript
uses the assigned terminology for AM technology in accordance with the standard ISO/ASTM
52900-15 [133].
5.2. Experimental procedures
The raw materials used in the fabrication of multi-layered single bead IN718 walls were
commercially available IN718 wire of diameter 1.2 mm and as-received IN718 plate (ARP) of
thickness 6 mm, respectively. A custom-built gas tungsten arc welding (GTAW)-based
additive manufacturing (AM) system was used to deposit IN718 wire onto the IN718 ARP
unidirectionally in order to fabricate single track stringer layers of as-built (AB) IN718 walls
as shown in Figure 5.1. It was a semi-automatic machine consisting of a tungsten inert gas
(TIG) torch as heating source, a constant-current welding power device (Kemppi MasterTIG
MLSTM 2000), a water cooling unit, a single wire feeding device (CK Worldwide WF-3), and
an argon (Ar) gas shielding device. During welding, the torch and wire feeder were positioned
at an angle of 60° to ensure the continuous supply of wire material into a molten pool which
was stabilized by maintaining the arc length of 3.5 mm. The operating conditions used in this
study are provided in Table 5.1. The temperature-time profile (thermal history) of the entire
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deposition process was monitored using an infrared camera (Optrix PI) facilitated with realtime temperature measurement software (Optrix PIX connect). The ambient temperature was
set to be 21.3°C. The emissivity parameter for IN718 alloy was chosen to be 0.285 [190],
respectively. The average cooling rates in different parts of AB sample along the z-axis was
evaluated from the temperature-time profile using the mathematical form of Newton’s law of
cooling,

𝑑𝑇(𝑡)
𝑑𝑡

= 𝜆(𝑇(𝑡) − 𝑇𝑎 ), where T(t) is the temperature at time t, Ta is ambient

temperature and λ is proportionality constant that can be determined by integrating from 0 to t,
considering T(0) = T0 (maximum temperature) in 𝜆 =

𝑇(𝑡)−𝑇𝑎
𝑇0 −𝑇𝑎

ln

𝑡

[203].

Two large as-built (AB) IN718 walls of physical dimensions of 125 x 116 x 11 mm3 were
fabricated by GTAW-based AM process. One of the samples was solution-annealed and
precipitation hardened (denoted as SA) in a muffle furnace according to the standard AMS5662
[165] or AMS5663 [166]: solution treatment (980°C for 1 h/air cooling) + continuous aging
treatment (720°C for 8 h/furnace cooling at 71.2°C/h to 620°C for 8 h/air cooling). The similar
heat-treatment was also performed with wrought ARP sample (denoted as SAP). As shown in
Figure 5.2, the extraction of samples was performed by EDM wire cutter for microstructural
characterization, mechanical and oxidation tests. The vertically cross-sectioned samples (y-z
plane) were grinded and polished according to the ASTM standard for Ni-based superalloys
and etched electrolytically in a 10 wt.% oxalic acid solution at 6V for 10s [167]. The mean
linear intercept or Heyn intercept method was performed to measure the apparent grain size
using ImageJ software according to the standard ISO 643:2012 [168]. The microstructural
analysis was conducted in y-z plane by optical microscopy, OM (Nikon Eclipse LV100NDA),
and scanning electron microscopy, SEM (JEOL JCM-6000 and JEOL JSM-6490LA). The
elemental composition of various microstructural features in the samples was evaluated by
solely using JEOL JSM-6490LA setup equipped with energy dispersive X-ray spectroscopy,
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EDS (AZtecEnergy) system at 15kV. The Vickers microhardness tests were conducted in y-z
plane along z-axis at 1000g indentation force for 10s in an automatic hardness setup
(Matsuzawa Via-F). The crystalline phases of samples were identified by using X-ray
diffraction (XRD) technique (MMA, GBC) of CuKα radiation (1.5418 Å in wavelength) in xy plane. At least, three tensile samples for each condition were extracted from both z- and xdirections in accordance with the standard ASTM E8/E8M-13a [222] which was recommended
in ASTM F3122-14 [223] for additively built metallic parts. Then, the room-temperature
tensile tests were conducted in Instron 3367 setup at a crosshead speed of 1 mm/min and realtime strain data was simultaneously collected using a non-contact optical measurement system
(Mercury RT®).

Figure 5.1. The set-up for wire-arc additive manufacturing (WAAM) system.
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The oxidation tests of SA-treated WAAM samples (x-z plane) were conducted in a muffle
furnace at respective temperatures of 800, 900 and 1000°C with the exposure times of 6, 24,
48, 72 and 100 h under static furnace air condition followed by normalizing process. During
the pre-oxidation stage, all six faces of the square samples (10 x 10 x 3 mm 3 in Figure 5.2)
were manually grinded up to P1200 SiC in tap water, cleaned in ethanol solution and dried with
hot air blower. Then, the samples were placed in the respective alumina crucibles and the initial
weight was measured by a micro-analytical weight machine. After the oxidation, the final
weight of the samples with crucibles was measured and subtracted from the initial weight to
get the weight difference which was considered as the weight of oxide layer. Later, the phase
identification, imaging of top surface morphology and elemental composition of surface oxide
layer were done by using XRD and SEM. After that, the oxidized samples were mounted in a
hot mounting press (Struers CitoPress 20), polished and etched in accordance with the ASTM
standard [167]. Lastly, the imaging and elemental analysis of oxide layers in cross-sectioned
samples were studied by SEM-EDS facility.
Table 5.1. The experimental conditions used in the deposition of IN718 superalloys.
Polarity

DCEN (Direct Current Electrode Negative)

Electrode

2 pct Ceriated, 2.4 mm in diameter

Arc current

160 A

Arc length

3.5 mm

Voltage

14.5 V

Travel speed

100 mm/min

Wire feed speed

3000 mm/min

*

1.07 kJ/mm

Heat input

**

5.01 kJ/g

No. of layers

40

Flow rate – TIG torch nozzle

8 L/min

Flow rate – trailing shield front

10 L/min

Specific deposition energy
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Flow rate – trailing shield rear

7 L/min

Pre-flow duration

3s

Up-slope duration

2s

Down-slope duration

1s

Post-flow duration

30 s

*

Heat input (J/mm) =

Current (A) × Voltage (V) × 60 × 0.77
Travel speed (mm⁄min)

where 0.77 is the arc efficiency for

GTAW DCEN [189].
**

Current (A) ×Voltage (V) ×60 ×1000

Specific deposition energy (J/g) = Density (g⁄cm3 ) × Wire speed (mm⁄min) × Wire area (mm2) where

density of IN718 is 8.192 in annealed condition [100].

Figure 5.2. The schematic representation of sample dimensions in mm.
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5.3. Results and discussion
5.3.1. Characterization of as-received wire and wrought IN718 alloys
The microstructural analysis and elemental composition of the IN718 wire and substrate (ARP)
used in this study are represented in Figure 5.3 and Figure 5.4, respectively. As shown in Figure
5.3, a typical commercial IN718 alloy consisted of a γ matrix with finely distributed carbides
precipitates without the presence of laves phases. The alloy (γ matrix) composition of IN718
wire feedstock and substrate used in this study (Figure 5.4b and 5.4f) were found to satisfy the
international standards of AMS5832 [164] and AMS5662 [165] or 5663 [166]. The carbide
inclusions were highly contrast in colour and can be divided into two groups. The bright colour
inclusions were found to be rich in niobium (Nb) with small quality of Ti and considered as
primary Nb-rich carbide Nb(Ti)C (Figure 5.4c and 5.4g). On the other hand, the dark particles
in SEM imaging (Figure 5.4a and 5.4e) or yellow colour particles in OM imaging (Figure 5.3a
and 5.3b) were randomly distributed in γ matrix and lower in quality than NbC particles. The
EDS spot analyses confirmed the elemental composition of these particles to be complex Tirich (Ti,Nb)(C,N) carbo-nitrides as shown in Figure 5.4d and 5.4h. The micro-segregation of
metal elements (Nb, Ti, C, N) during the solidification sequence of phase formation resulted
these inclusions in γ matrix which is discussed in section 5.3.3.1.
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Figure 5.3. Optical microstructures of wire and substrate in (a and b) unetched, and (c and d)
etched conditions, respectively (ND: normal direction, TD: transverse direction, RD: rolling
direction).
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Figure 5.4. EDS spot analyses of (b) m (matrix), (c) n (NbC), and (d) o (Ti,Nb)(C,N)) for wire in (a); (f) p (matrix), (g) q (NbC), and (h) r
((Ti,Nb)(C,N)) for substrate in (e), respectively.
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5.3.2. Thermal history of the deposited wall along z-axis and cooling rates
Since WAAM process is a multi-layered deposition of material to build metal component parts,
the previously deposited layers are expected to experience complex thermal cycling of repeated
heating, melting, partial melting, cooling and directional solidification in a more rapid manner
at any given position. These distinct features of AM-based processes directly control and
influence the microstructural evolution and mechanical strength of the built parts in comparison
with traditionally made cast and wrought parts. So, the study of repeated heating and cooling
cycles, more specifically the cooling rates, at different locations in the wall during the
deposition process can be useful to understand the microstructure formation and correlate the
structure-property relationship of the built parts [190, 224]. However, it is to be understood
about the experimental limitation of evaluating the thermal history of the built wall which can
only be obtainable by measuring the outer surface temperature rather than at the interior
positions.
Figure 5.5 shows the temperature-time profiles and real-time thermal imaging of temperature
distribution at different locations along the as-built (AB) wall. The heights of 7 mm (5th pass),
40 mm (14th pass) and 75 mm (25th pass) from the IN718 substrate were chosen to study the
thermal history for near-substrate zone (NSZ), middle zone (MZ) and top zone (TZ) in the AB
wall, respectively. It is seen from Figure 5.5a that the previously deposited layer after 5 th pass
in NSZ crossed the liquidus temperature (1336.8°C on cooling [90]) on 5 times and experienced
complete melting until 10th pass. Similarly, the deposited surface layers after 14th and 25th
passes for MZ and TZ were seen to experience complete melting on 4 and 7 times, respectively.
As the deposition process continued on the previously deposited layers and the wall height
gradually increased, the molten pool was getting further away from an assigned point (e.g., an
assigned point at 7 mm height for NSZ) and the peak temperature of the same point was seen
to decrease gradually due to the heat dissipation condition. In this study, the cooling rates of
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an assigned point were evaluated from the temperature-time profiles only if the peak
temperatures crossed the liquidus temperature line during subsequent deposition of new layers.
The cooling rates of the assigned point at 7 mm for NSZ due to the deposition of layers from
5th to 10th layers were determined to be (7.03 ± 0.98), (5.38 ± 0.78), (6.93 ± 0.79), (5.09 ± 0.91),
(4.64 ± 0.74) and (3.84 ± 0.63) °C/s, respectively. Thus, the average cooling rate of that point
in NSZ was found to be (5.48 ± 1.15) °C/s. It is interesting to note that the cooling rates were
gradually decreasing with continued deposition of new layers due to the continuous supply of
thermal energy from the molten pool [224]. This effect was found to be true at any point or
location in the IN718 wall fabricated using WAAM process. As for example, the cooling rates
of the assigned point at 40 mm for MZ during the deposition of layers from 14 th to 18th were
found to be 7.1, 6.7, 5.7, 5.5 and 5.3 °C/s, and at 75 mm for TZ from 25th to 32nd layers were
determined to be 6.3, 5.6, 5.7, 5.5, 5.9, 5.8 5.6 and 4.9 °C/s. As a result, the average cooling
rates of the assigned points at 40 mm and 75 mm heights for MZ and TZ were determined to
be (6.11 ± 0.72) and (5.71 ± 0.35) °C/s, respectively. Thus, the average cooling rate of any
particular point in the wall was found to be identical in nature. As the deposition continued to
occur, the height of the wall gradually increased providing more material to come in contact
with the surrounding environment. This would eventually accelerate the dissipation of supplied
thermal heat via convection and radiation processes [147]. At the same time, the accumulation
of heat energy within the material would also increase as the deposition continued [225]. Thus,
the increase in dissipation heat energy was counteracted with the increase in stored energy
within the material. Due to the identical cooling rates across the build wall of IN718 alloys
fabricated by TIG-based WAAM process, the evolution of microstructure and phases in the
different parts of the wall are expected to be identical as well which has been discussed in
details in the next section.
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Figure 5.5. (a) The recorded thermal history in the middle of deposited layer at a distance of 7
mm, 40 mm and 75 mm from the substrate for near-substrate zone (NSZ), middle zone (MZ)
and top zone (TZ), respectively. The thermal imaging of temperature distribution along the
wall after depositing (b) 5th pass, (c) 14th pass, (d) 25th pass, and (e) 35th pass.
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5.3.3. Effects of solution-treatment on microstructure and mechanical properties
5.3.3.1. Microstructures of as-built and heat-treated conditions
Figure 5.6 and 5.7 show the cross-sectional imaging (y-z plane) of microstructural morphology
and evolution of various phase constituents in both as-built (AB) and solution-annealed (SA)
conditions along the z-axis, respectively. From Figure 5.6, it is evidently clear that a
homogeneous microstructure was developed epitaxially from the IN718 substrate under each
condition with a typical columnar dendritic morphology in parallel to the z-axis. It is also
evident that the columnar growth directions of adjacent grains were not exactly parallel to each
other (indicated by red arrows) and deviated to a certain angle indicating that the largest thermal
gradient or heat dissipation was achieved in that direction during solidification process. In
WAAM process, the newly deposited layer re-melted the previously formed layers (as shown
in Figure 5.5a) resulting in the formation of interlayer boundary (dark dotted lines) [19, 25].
The homogeneously built microstructures in both cases were composed of two distinct regions:
dendritic core regions (DCR with bright contrast) and interdendritic regions (IDR with dark
contrast). It is to be noted that the intensity of dark IDR in SA sample was relatively lower than
that of AB sample. In order to identify and determine the elemental composition of phase
constituents present in the structure, high-resolution SEM imaging and elemental mapping
were needed.
The typical micrographs of AB and SA sample walls fabricated using WAAM process were
mainly composed of γ-matrix allocating different types of precipitates as shown in Figure 5.7.
The area fraction and elemental composition of phase constituents were quantitatively analysed
and tabulated in Table 5.2 and Table 5.3, respectively. In the case of AB sample, the
solidification process of microstructural evolution was analogous to a simple binary eutectic
phase diagram [90]. The γ-matrix can be sub-categorized in terms of compositional variation:
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primary dendritic core regions (DCR) and eutectic interdendritic region (IDR). The primary
DCR was pro-eutectically formed γ crystal nucleating from the molten metal by partitioning
heavy solute elements (especially Nb) to the liquid at the periphery of solid-liquid interface.
The extent of micro-segregation of an element is known as the equilibrium solute distribution
or partition coefficient, k and it is defined as the ratio of concentration of that element in the
depleted region (DCR) to that in the base alloy (IN718 wire). From Figure 5.4b and Table 5.3,
the value of k was determined to be 0.699 for Nb in case of WAAM IN718 alloys which was
less than unity indicating that the solute elements were partitioned or rejected from the
solidified γ core region to the liquid. As a result, the terminal liquid was highly segregated and
enriched in solute elements in front of the solid-liquid dendritic interface. This would create a
compositional gradient of solute atoms which gradually decreased to reach the actual alloy
composition of molten metal (IN718 wire) as a function of distance from the solid-liquid
interface. At the same time, a positive temperature gradient (GT) would establish which
gradually increased from the actual temperature of the segregated liquid to the equilibrium
liquidus temperature of the actual alloy composition of molten liquid. Under this
circumstances, if the slope of thermal gradient (GT) remained lower than that of line tangent
drawn on liquidus temperature at the solid-liquid boundary, the actual liquid was considered to
be undercooled. The concept of constitutional undercooling can be mathematically expressed
as: 𝐺𝑇 ⁄𝑉 < − ∆𝑇𝑜 ⁄𝐷𝐿 , where V is growth rate of solid-liquid interface, ΔTo is undercooling,
and DL is the liquid diffusivity [64, 97]. A lower value of the morphology parameter GT/V
indicates the presence of larger undercooled liquid zone (ΔTo) providing severe microsegregation of solute elements in the formation of columnar dendritic morphology. In the
fabrication of WAAM-based IN718 wall during welding, a low value of GT was achieved due
to the supply of high heat input from GTAW process and slow cooling rate, and the high value
of V was obtained due to the epitaxial (heterogeneous) solidification of molten metal in
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spontaneous manner below the liquidus temperature [97]. The influence of constitutional
undercooling of solute elements in the evolution of phase constituents under slow cooling rate
condition for IN718 alloys during WAAM process can be summarized as follows [90, 91]:
Above liquidus

L→

1075°−1160°C

NbC) + L →

1340°C

TiN +L →

1265°−1280°𝐶

proeutectic austenite (γ) + L ↔

eutectic (γ +

eutectic (γ + laves).

Low density TiN (5.4 g/cm3) inclusions were precipitated out from the high-density liquid
IN718 (7.39 g/cm3) at above the liquidus temperature as a result of micro-segregation of Ti and
N. The amount of TiN particles formation in the weldment is dependent on the purity of IN718
alloy (concentration of N) and temperature [82, 83]. After piercing the liquidus temperature
line on cooling process, the nucleation of proeutectic γ crystal started and continued to grow
epitaxially in the formation of DCR by partitioning Nb and C to the molten liquid
interdendritically. When the elemental composition of liquid reached at 10.5 wt.% Nb and
0.25wt.% C [82], the primary NbC particles started to precipitate in IDR via non-invariant
γ/NbC eutectic reaction in the temperature range of 1265-1280°C [90, 91]. It is noted in Figure
5.7 that a complex Ti-rich carbo-nitride (Ti,Nb)(C,N) particles were formed having TiN core
(dark contrast) enveloped by NbC shell (bright contrast). The reason is that TiN precipitates
behaved as nucleating sites for the primary NbC formation and growth [82, 83]. As soon as
eutectic γ/NbC reaction took place, the local concentration of molten liquid was depleted in Nb
and C, and re-entered in (γ + L) region. This would continue until the liquid consumed the vast
majority of C in order to obtain the solubility limit of NbC within the temperature range. It was
also implicitly assumed that the growth of already existed NbC particles was the dominant
process rather than the nucleation of new NbC particles below 1265°C. As the cooling
proceeded, the proeutectic γ continued to develop and enrich the terminal liquid composition
of 19.1wt.% Nb. Finally, the solidification process was terminated at IDR via non-invariant
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γ/laves eutectic reaction in the temperature range of 1075-1160°C by forming Nb-enriched
dendritic γ phase and laves precipitates [90, 91]. Thus, a columnar dendritic morphology of γmatrix with compositional heterogeneity was developed epitaxially due to the constitutional
undercooling, high heat input and low cooling rate in AB sample fabricated by WAAM
process. The Ti-rich carbo-nitrides (Ti,Nb)(C,N) particles were situated in Nb-depleted γ
region (DCR), while the primary carbides, NbC and laves phases were precipitated in Nbenriched γ region (IDR).
For SA-treated sample, the columnar dendritic morphology of γ-matrix was seen to be
unchanged as shown in Figure 5.6 and 5.7, respectively. The concept of using a solution
treatment for IN718 alloys is two-fold. Firstly, it should equilibrate the elemental composition
(especially Nb) throughout the γ-matrix by dissolving the unwanted laves precipitates and
eliminating the elemental segregation via solid-state diffusion process. This would ensure the
presence of appropriate amount of solute elements within the γ-matrix in order to facilitate the
precipitation of strengthening phases of γ″ and γ′ uniformly during aging treatment. It is
evidently clear from Figure 5.7 and Table 5.2 that standard solution-treatment reduced only a
small fraction (25.5%) of laves precipitates in SA sample comparing with AB condition.
However, the compositional heterogeneity in DCR remained to be unaffected and was identical
to AB sample (Table 5.3 and Figure 5.8). Secondly, stable delta phase (δ) precipitation occurred
intergranularly at the γ grain boundaries as well as at twin boundaries of SA-treated ARP
sample (denoted as SAP) in the form of blocky particles providing the Zener pinning effect to
pin down and stabilize the γ grain growth [58, 80] as shown in Figure 5.9a. The mean grain
size of SAP sample was found to be 59.24 ± 7.04 µm which was analogous to that of wrought
ARP sample (Figure 5.3b). The precipitation of δ phase was also seen to perform intentionally
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Figure 5.6. Optical micrographs of cross-sectioned as-built (AB) and solution-annealed (SA) samples in different locations.
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Figure 5.7. SEM images with the corresponding maps of elemental distribution of AB and SA samples produced by WAAM process.
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Table 5.2. Fraction of phase constituents (%) determined in the AB and SA samples using
SEM AutoPhaseMap analysis, as shown in Figure 5.7.
Samples

Matrix (NiFeCr)

Laves phase

NbC precipitates

(Ti,Nb)(C,N) precipitates

AB

93.6

5.5

0.8

0.1

SA

94.3

4.1

1.4

0.2

prior to the thermomechanical treatment via the Delta process in the production of IN718 billet
and bar. During subsequent thermomechanical processing, δ particles not only provide pinning
effect, but also act as nucleation sites for dynamic recrystallization in order to obtain uniformly
distributed fine grain IN718 products [226, 227]. In contrast, SA-treated sample in this study
precipitated out δ particles in the form of rod or acicular plates in IDR surrounding the residual
laves phases as shown in Figure 5.7 and Figure 5.8c, respectively. The formation of acicular δ
plates in IN718 alloys was seen either at high-temperatures after prolonged exposure during
service conditions by consuming metastable γ″ [57] or at δ sub-solvus temperatures during
fabrication process due to the compositional heterogeneity and slow cooling rate [56, 98] or at
δ sub-solvus temperatures after prolonged exposure during Delta processing even in a
homogeneous γ-matrix [58]. Thus, the δ phase evolution and morphology are dependent on the
applied temperatures, time, matrix composition and solidification rate. Although the diffusion
of atomic Nb in metallic Ni was supposed to be fast [228], the homogeneous distribution of Nb
did not occur in case of SA-treated IN718 alloys fabricated by WAAM process due to its unique
initial microstructure. In case of AB sample from Table 5.3, the eutectic γ-matrix in IDR
contained 7.7 ± 0.6 wt. % Nb which satisfied the amount of Nb required in the formation of δphase (6-8%) [56, 98]. At 980°C, δ phase precipitation occurred more readily in IDR by
consuming Nb rather than diffusing Nb in Nb-depleted DCR region according to the timetemperature-transformation (TTT) diagram. In case of DCR, the amount of Nb present in γ137

matrix was found to be unsatisfactory which moved the TTT curve to the right and delayed the
precipitation of δ-phase in the long aging period region [98]. As a result, δ-phase precipitation
was only observed in ICR for SA-sample under the standard heat-treatment condition. It is also
to be noticed in Figure 5.8c that some parts of laves phases were partially transformed into
acicular δ plates. It was indicative to the fact that the laves particles were just partially dissolved
into γ-matrix in IDR due to the low solution temperature (980°C) according to the temperaturephase stability diagram [56, 98]. Since laves phases contained high amount of Nb (Table 5.3),
it satisfied the condition to form acicular δ plates connecting with the residual laves particles.
A similar result was also reported by Xu et al. [18]. Both NbC and Ti(C,N) particles were found
to be unaffected by the solution treatment used in this study due to their high dissolution
temperatures [56]. The effects of standard solution-treatment on the microstructure and phase
formation for AB and ARP samples are summarized and schematically shown in Figure 5.10.
The concept and importance of the standard double aging process in IN718 alloys have to be
understood from the prospective of metallurgical aspects to precipitate out the strengthening
nanoparticles of γ″ and γ′. The start of the nucleation of γ″ and γ′ particles in γ-matrix
commenced in the range of aging temperatures of 704.4°-898.89°C and 593.3°-704.4°C [56]
requiring the minimum Nb content of 4% and 2-4% [56, 98], respectively. At 720°C aging
treatment, both γ″ and γ′ started to nucleate and coarsen. During the 620°C aging process, the
coarsening of γ″ was stopped and only γ′ continued to coarsen [229]. If the aging sequence was
altered, then the precipitation of γ′ particles would have formed after a prolong aging time at
620°C [229] due to the low concentration of Al and Ti without having γ″ phase due to its
sluggish age hardening response [4]. At 720°C, these γ′ particles would grow much larger
providing non-uniform distribution of secondary phase precipitation along with γ″ particles in
γ-matrix. Also, this process might deplete the Nb content below 4% to provide inadequate
precipitation of γ″ phase and consequently, would impart mechanical properties as γ″ is the
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main strengthening particles in IN718 alloys [77]. The size, morphology and crystallographic
orientation relationship of γ″ and γ′ precipitates with γ-matrix have been extensively
investigated for SA-treated IN718 superalloys in wrought [77, 78, 229] and AM [25, 74]
conditions. The nanoparticles of γ″-Ni3Nb have an ordered and coherent body-centredtetragonal DO22 crystal system of lattice parameters aγ″ = bγ″ = aγ, cγ″ = 2aγ with respect to γmatrix [77]. Its c-axis can form parallel to any one of three cube edges of <100> directions
relative to the γ-matrix exhibiting three equivalent orientation variants: [010]γ″ // [001]γ, (100)
γ″

//(010)γ ; [100]γ″ // [001]γ, (010)γ″ // (100)γ ; [001]γ″ // [001]γ, (110)γ″ // (110)γ [78]. The first

two variants of γ″ appeared elliptical in morphology and the third variant showed a circular
shape [74, 77]. Thus, γ″ particles must have an elliptical disk-shaped morphology with average
length and diameter of 17-40 nm and 5-14 nm, respectively [74, 229].

The coherent and

ordered γ′-Ni3Al particles were found to be face-centred cubic (fcc) L12 crystal system having
a cube-on-cube orientation relationship with fcc γ-matrix resulting only one orientation variant:
〈100〉𝛾′ //〈100〉𝛾 , {100}𝛾′ //{010}𝛾 [70, 74]. These particles appeared to be near-cuboidal in
morphology with average diameter of 19-21 nm [74, 229].
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Table 5.3. The summary of EDS point analyses conducted on the microstructural features present in different specimens.
Composition of the elements
Samples

Ni

Fe

Cr

Nb

Mo

Ti

Mn

Al

Si

C

N

Microstructural
features

AB

SA

*

51.9 ± 0.5

20.2 ± 0.6

19.4 ± 0.2

3.6 ± 0.8

3.0 ± 0.3

0.8 ± 0.2

0.2 ± 0.1

0.8 ± 0.1

0.1 ± 0.1

-

-

DCR*

51.3 ± 0.6

17.2 ± 0.5

17.6 ± 0.5

7.8 ± 0.6

3.5 ± 0.3

1.5 ± 0.2

0.2 ± 0.1

0.8 ± 0.1

0.1 ± 0.1

-

-

IDR*

5.0 ± 4.4

1.9 ± 1.3

2.3 ± 1.3

27 ± 4.5

1.2 ± 0.4

5.1 ± 1.0

0.01 ± 0.02

0.3 ± 0.2

0.1 ± 0.1

57.3 ± 2.3

-

NbC**

1.8 ± 1.6

0.9 ± 0.8

1.5 ± 1.1

7.7 ± 3.8

0.3 ± 0.1

33.9 ± 4.5

0.03 ± 0.03

1.5 ± 1.7

0.1 ± 0.1

16.5 ± 2.7

35.9 ± 7.8

(Ti,Nb)(C,N)**

40.7 ± 1.5

14.3 ± 0.8

15.6 ± 0.8

20.8 ± 1.9

4.8 ± 0.9

1.6 ± 0.3

0.2 ± 0.1

0.6 ± 0.2

1.4 ± 0.2

-

-

Laves**

51.8 ± 0.2

20.3 ± 0.1

19.3 ± 0.1

3.8 ± 0.1

3.0 ± 0.3

0.7 ± 0.1

0.1 ± 0.2

0.8 ± 0.00

0.1 ± 0.02

-

-

DCR*

5.2 ± 4.9

1.9 ± 1.3

2.9 ± 1.3

26.5 ± 4.9

1 ± 0.3

5.2 ± 1.0

0.01 ± 0.02

0.3 ± 0.2

0.1 ± 0.1

57.4 ± 2.6

-

NbC**

1.1 ± 0.6

0.6 ± 0.4

1.0 ± 0.5

7.3 ± 3.5

0.3 ± 0.1

30.2 ± 1.4

0.02 ± 0.02

2.3 ± 2.4

0.1 ± 0.1

15.3 ± 0.6

41.9 ± 1.6

(Ti,Nb)(C,N)**

42.8 ± 4.9

14.5 ± 2.4

14.5 ± 2.5

18.0 ± 1.3

6.4 ± 0.9

1.7 ± 0.5

0.1 ± 0.1

0.4 ± 0.2

1.7 ± 0.3

-

-

Laves**

55.4 ± 0.2

14.8 ± 0.2

16.2 ± 0.0

7.7 ± 0.3

1.8 ± 0.1

2.1 ± 0.1

0.2 ± 0.2

1.4 ± 0.1

0.3 ± 0.1

-

-

Delta**

Results are given in wt. pct

**

Results are given in at. pct
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Figure 5.8. SEM images with the corresponding elemental concentration profiles for (a,b) AB , and (c,d) SA samples by EDS line scanning.
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Figure 5.9. SEM image of the as-received plate (ARP) after solution-annealed (SAP) condition. Inserted image shows the morphology of the
delta phase in SAP condition; EDS spot analyses of (b) matrix (k), and (c) delta phase (l) in (a).
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Figure 5.10. The schematic illustration of microstructural evolution and phase formation of
AB and ARP samples after HA-treatment.
Figure 5.11 shows the XRD patterns of IN718 superalloys under AB, ARP and their respective
heat-treated conditions. The predominant peaks for all samples were determined to be the
reflection of crystal planes from γ phase (fcc) matching with the standard powder diffraction
pattern. In case of SA sample, a small, but distinctly sharp peak was observed that belonged to
the reflection of (211) crystal plane from orthorhombic δ phase. Both AB and SA samples
showed strong peak intensity along (200) crystal plane for γ phase in comparison with ARP
and SAP conditions due to the preferential grain growth of columnar dendritic structure with
<100> crystallographic orientation facilitated by the epitaxial nucleation and the presence of
large thermal gradient along z-axis [93]. The preferential or random grain orientation in a
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material can be quantified for a specific (hkl) reflection from the XRD reflection intensities
according to the following mathematical expressions [200, 230]:
Texture coefficient, 𝑇𝑐(ℎ𝑘𝑙) = (𝐼(ℎ𝑘𝑙) ⁄𝐼𝑜(ℎ𝑘𝑙) )/[1⁄𝑁 ∑(𝐼(ℎ𝑘𝑙) ⁄𝐼𝑜(ℎ𝑘𝑙) )]
2

Degree of Texture, 𝜎 = √[∑(𝑇𝑐(ℎ𝑘𝑙) − 1) ]⁄𝑁

(5.1)

(5.2)

Where, I(hkl) is the experimentally determined XRD intensity of γ phase and Io(hkl) is the XRD
intensity from standard powder diffraction data of γ phase (ICDD 00-033-0397) for a particular
(hkl) crystal plane. N is the total no. of peaks considered from the standard pattern during
analysis within the range of diffraction angle which is 5. From equation (1), Tc(hkl) = 0 indicates
the absence of crystallites or grains for a specific (hkl) crystal plane in the material giving I(hkl)
= 0. If 0 < Tc(hkl) < 1, the structure contains inadequate no. of grains or crystallites of (hkl) plane
compared with the standard data. A value of Tc(hkl) ≈ 1 indicates the material has random grain
orientation similar to the standard diffraction data, while Tc(hkl) > 1 represents a preferential
grain orientation of the (hkl) plane. Under the present circumstances, the maximum value of
Tc(hkl) should be 5 due to the consideration of 5 diffraction peaks indicating the material is fully
textured with grains or crystallites of (hkl) plane. It is evident from Table 5.4 that the AB and
SA samples showed strong texture component along (200) crystal plane in comparison with
the ARP and SAP samples. All samples showed a degree of texture (σ) value greater than zero
which signifies the existence of preferred grain orientation. But, σ values for AB and SA
samples were much higher than that of ARP and SAP due to the epitaxial grain growth of
columnar γ phase in parallel to z-axis.
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Figure 5.11. XRD patterns for AB, SA, ARP and SAP samples.
Table 5.4. The quantitative values of texture coefficient, Tc(hkl) of a specific (hkl) reflection and
degree of texture , σ obtained for different samples.
Samples

Texture coefficient

Degree of texture

Tc(111)

Tc(200)

Tc(220)

Tc(311)

Tc(222)

σ

AB

0.0

4.65

0.24

0.12

0.0

1.83

SA

0.0

5.0

0.0

0.0

0.0

2.0

ARP

1.53

0.73

1.27

0.69

0.77

0.34

SAP

1.65

1.13

1.09

0.71

0.42

0.42
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5.3.3.2. Microhardness and tensile properties
The impact of standard SA treatment in strengthening the IN718 superalloy fabricated by
WAAM process has been extensively investigated and the results are compared with its
commercial counterparts. The variation in microhardness results of AB and SA conditions
along z-axis was measured and is shown in Figure 5.12a. The microhardness values of SA
sample were found to be in the range of 426 - 471 HV which increased significantly by 6370% in comparison to the AB condition (250-288 HV). The hardening effect of SA sample was
originated due to the precipitation of nano-sized γ″ and γ′ particles during the standard heattreatment process providing strong resistance to hinder the movement of dislocations for the
plastic deformation [231]. It is noteworthy to mention that the microhardness values did not
show any level of dependency on location-wise, thus providing a relatively uniform results
across the entire wall height in both cases. Figure 5.12b gives the average microhardness values
of AB, ARP and their heat-treated conditions. An average value of 265 ± 10 HV for AB sample
was obtained which was 17.96% higher than that of ARP sample. Since WAAM is a nonequilibrium heating and cooling process, the build-up wall will experience uneven volume
change during solidification process and thermally induced residual strains (high dislocation
density) will exist in the wall along with laves particles to impede the dislocation movement
for plastic deformation in some extent to provide work or strain hardening [232]. It is also to
be noted that the SAP sample showed higher microhardness value of 473 ± 8 HV than that of
SA sample (441 ± 10 HV). This can be attributed to the incomplete precipitation of γ″ and γ′
particles in γ-matrix for SA sample due to the excessive consumption of Nb in forming phases
of δ and laves. However, in both cases, the hardness results have surpassed the minimum
requirement (36 HRC) for IN718 according to the standard AMS5662 or AMS5663 [100].
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Figure 5.12. (a) The microhardness results of AB and SA conditions as a function of the wall
height, and (b) The average microhardness results for AB and SA samples, and also in their
respective heat-treated conditions.
The enhancement in mechanical properties of SA-treated WAAM samples has also been
observed in tensile test results as shown in Figure 5.13 by stress-strain curves and Table 5.5,
respectively. Both AB and SA samples displayed weak anisotropic mechanical properties as
the spread of anisotropy was relatively close to 1. The poor directional dependency on
mechanical properties of WAAM IN718 alloys was also found to be true in other studies [17,
18]. Both SA and SAP samples showed significant increment in yield strength (YS) and
ultimate tensile strength (UTS) values, while the ductility was greatly reduced in comparison
with AB and ARP samples. However, the SA samples showed inadequate strength, but
comparable ductility in comparison to its commercial (SAP) counterpart. The mechanical
properties of SA samples were found to be superior to investment cast IN718 alloys according
to the standard AMS5383 as shown in Table 5.5. However, the average values of YS and UTS
of SA samples did not meet the minimum requirements for wrought IN718 alloys according to
the standard AMS5662 as the values were decreased by 33.56% and 28.85% in horizontal
direction and 14.73% and 12.14% in vertical direction, respectively. On the other hand, heat-
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treated SA samples exhibited larger elongation and exceeded the minimum value (12%)
required to satisfy the standard AMS5663 in both directions.

Figure 5.13. The stress-strain curves of AB and SA conditions at room temperature with ARP
and SAP samples for comparison.
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A typical transgranular ductile fractured surface was observed for all samples under uniaxial
tensile load at room temperature as shown in Figure 5.14. Based on the fractographic SEM
imaging, the crack propagation of transgranular fracture path through the grains can be
subdivided in two categories depending on the sample orientation of AB and SA walls. When
the sample orientation and tensile load direction were both parallel to x-axis for AB_H and
SA_H samples, transgranular fracture path became crystalline as the shearing occurred along
well-defined crystalline planes of columnar grains creating elongated dimple fractured surface
with long protuberances of tear ridges (red arrows) towards at the end of fracture. When the
vertically orientated samples were loaded under uniaxial tension force, the transgranular
fracture path became non-crystalline or random and the plastic shear on the transversal section
yielded large equiaxed dimple fractured surface with tear ridges [204]. In case of AB samples,
the microvoid coalescence of dimples were originated due to the inter-phase decohesion of
large laves precipitates and carbides particles with γ-matrix. However, the intensity of
microvoid coalescence in SA samples was much higher than that of AB conditions as the
acicular and incoherent δ precipitates promoted the inter-phase decohesion micro-mechanism
of void nucleation in IN718 alloys [204]. In comparison with AB and SA samples, the wrought
ARP and its heat-treated counterpart SAP sample showed random transgranular fracture path
with much finer equiaxial dimples fractured surface. The dimples in ARP sample were found
to be deep which indicated excellent ductility due to the ease in dislocation movement. But,
SAP samples showed shallow dimples with cleavage facets fractured surface indicating strong
resistance to dislocation movement towards plastic deformation due to the presence of coherent
γ″ and γ′ nano-sized precipitates. In all cases, some discretely formed voids were observed
(white arrows) in the fractured surfaces mainly due to the removal of carbide inclusions.
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Table 5.5. The summary of tensile results of heat-treated Inconel 718 walls fabricated by WAAM process.
Tensile properties

Ductility (%)

YS (MPa)

UTS (MPa)

The property ratio,
RYS (RUTS)b

Samples
AB_Ha
30.20 ± 0.75
445.41 ± 5.45
778.02 ± 4.54
0.91 (0.996)
a
AB_V
27.95 ± 0.42
405.39 ± 12.57
774.52 ± 12.53
SA_H
18.18 ± 1.81
774.31 ± 2.78
989.88 ± 9.84
1.16 (1.15)
SA_V
21.05 ± 1.71
901.40 ± 15.56
1137.44 ± 25.97
ARP
50.08 ± 0.31
510.01 ± 4.81
906.53 ± 5.96
SAP
23.95 ± 0.04
1166.39 ± 12.50
1386.85 ± 8.26
SA_H[17]
14.7 ± 1.3
790 ± 9
1102 ± 78
1 (0.897)
SA_V[17]
12.8 ± 1.2
791 ± 14
988 ± 6
SA_H[18]
15.5 ± 0.3
807 ± 1
1110 ± 3
0.91 (0.9)
SA_V[18]
19.4 ± 2.8
889 ± 5
1233 ± 16
AMS5663[100]
12
1034.2
1275.5
AMS5383[67]
3
734
827
a
H and V refer to the horizontal (parallel to x-axis) and vertical (parallel to z-axis) directions in xz-plane, respectively.
b

RYS (RUTS) = YSV/YSH (UTSV/UTSH) is the ratio of yield strength (and ultimate tensile strength) in vertical and horizontal directions in the

measurement of the spread of anisotropy.
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Figure 5.14. Fracture surface morphologies of different specimens after room temperature
tensile test.
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From Figure 5.13, the material’s deformation processes can be categorized in three different
zones under the uniaxial tensile state of loading: elasticity, plasticity and fracture. In the elastic
deformation segment, the inter-atomic bonds between atoms were stretched to expand the
lattice parameters of the matrix’s unit cells as the energy was supplied in the system in the form
of applied forces. It displaced the atom positions from its equilibrium state causing a temporary
changes in material lattice size and shape in microscopic level without breaking any atomic
bonds. If the forces were withdrawn, the lattice structure of matrix material returned back to its
equilibrium state obeying linear elasticity of Hooke’s law. Thus, elastic behaviour of a material
is an internal resistance toward elastic strain or deformation. Due to its intrinsic nature, the
elastic modulus of a material is affected by various factors, such as temperature, composition,
phases, defects (vacancies, dislocations, grain boundary) and crystallographic orientation
(texture) as shown in Table 5.5
In the engineering point of view, it is important to predict the yielding conditions of the material
under loading at which the material starts to change shape or deform permanently with constant
volume and begins to flow plastically as the phenomenon of yielding can be considered as a
non-catastrophic and gradual failure mode. The criteria for the initiation of yielding or
plasticity can be best described by the von Mises distortion energy criteria or maximum shape
change energy criteria. It states that yielding takes place when the value of the elastic distortion
energy per unit volume in a material subjected to an external stress is equal to the distortion
energy per unit volume required for yielding of a tensile test specimen of the material. As a
consequence, the yield point of a material should not be crossed under loading conditions as it
corresponds to the maximum allowable stress in the mechanical parts for a certain application
[233]. As shown in Figure 5.13, IN718 alloys showed a continuous transformation from
macroscopic elastic to the macroscopic plastic behaviour in all the stress-strain curves without
giving a clear yield point. In the real materials, some level of defects were always present in
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the form of vacancies, dislocations, grain boundaries etc. These pre-existing defects influenced
the perfect elastic linearity even at low loading conditions inducing some amount of permanent
deformation prior to macroscopic yielding which is known as micro-plasticity [234]. Since it
is micron-level plastic deformation at low strain (or stress) condition, it is hard to detect and
measure. Thus, the conventional 0.2% strain offset method (at 0.002 strain) was used to locate
the yield point at the plastic region and the stress was denoted as the yield strength (YS). Plastic
deformation takes place through dislocation movement in breaking the inter-atomic bonds of
atoms in crystalline lattice when the applied tensile stress reaches or exceeds the value of YS
of the material. This atomic distortion of lattice structure is usually involved by slip mechanism
along specified slip systems (e.g., 12 slip systems of {111}〈11̅0〉 in FCC Ni-based IN718
alloys). In the point of yielding, the minimum shear stress required to plastically deform the
material on a slip plane in a slip direction under uniaxial tensile load is known as critical
resolved shear stress (CRSS). Under the influence of CRSS, dislocation movement has become
a continuous process of generating and annihilating of dislocation loops inside the crystal
lattice on a specified slip system due to the presence of frank-read sources that operate during
plastic deformation to continuously generate dislocations as the stress level increases. Thus,
the concept of strengthening of a material is the resistance to easy slip of dislocation movement
by delaying the macroscopic plastic deformation at a high stress level i.e. to enhance the YS
value [68, 235].
The strengthening mechanisms in IN718 superalloys are found to be complex as several
mechanisms can contribute the strengthening simultaneously. The marked improvement in YS
of peak-aged IN718 alloys after standard heat-treatment can be attributed by solid-solution
strengthening, strain strengthening, grain size strengthening and precipitation strengthening.
The precipitation strengthening provided by the formation of γ″ and γ′ precipitates in γ-matrix
is the prominent contributor toward strengthening the aged IN718 alloys [62] as shown in Table
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5.5 for SA and SAP conditions. Due to the high volume fraction [62, 76, 159] and greater lattice
mismatch [76] of order and coherent γ″ particles in γ-matrix, these give rise to elastic stresses
acting on the matrix surrounding the particle and also on the particle itself providing strong
obstacles for dislocations to cut through and hindering the plastic deformation. This
precipitation-based mechanism is known as coherency strengthening and it is the main
contributor to the strength of IN718 alloys. In spite of low volume fraction, the coherent and
ordered γ′ particles provide minor contribution to the strength of IN718 alloys via order
strengthening by inducing lattice disorder and causing anti-phase boundaries (APBs) during
the glide of dislocations through the particles. If an APB is formed, the formation of APB will
require additional energy, and an additional force is required to force the dislocation through
the particle [76, 231]. The precipitation strengthening via Orowan loop formation can also be
provided by the large (or hard) and incoherent particles such as δ, laves and carbides as these
particles are too strong to be cut by passing dislocations. However, the large particle size
implies the no. of particles per unit volume or volume fraction will be low to provide significant
resistance against dislocation motion, hence the dislocation can bypass the particles at a lower
stress to induce yielding [235]. Thus, the formation of these particles in excess amount,
especially δ and laves, are considered to be detrimental for IN718 alloys in a sense that these
particles consume a large amount of Nb from γ solid solution, thus decrease the amount of γ″
and γ′ precipitates during aging, and decrease the strength. This was one of the reasons for the
inferior strength in SA-treated WAAM samples comparing with its commercial (SAP)
counterpart as shown in Figure 5.13 and Table 5.5. Another important reason was the
coarsening of large columnar grains for SA samples providing ineffective grain size
strengthening in comparison with SAP sample. It is to be understood that the precipitation
strengthening of IN718 alloys has negative influence on strain (or work) strengthening as it
significantly reduces the strain hardening exponent and uniform elongation/strain in the plastic
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region (Table 5.5). As a result, the plastic instability quickly sets in the material at UTS due to
localized plastic strain or necking. This is followed by micro-void nucleation at inclusion
particles (δ, laves and carbides) via inter-phase decohesion and dislocation pile-up
mechanisms, void growth and coalescence until the final fracture sets in by tearing shear [204].
5.3.4. Oxidation resistance of solution-annealed IN718 superalloy
5.3.4.1. Topography of oxidized surfaces
The top surface morphology and oxide phase evolution of the oxidized SA-treated additively
manufactured and wrought (SAP) IN718 superalloys at different temperatures for 100 h were
analysed by SEM-EDS facility and are presented in Figure 5.15. In general as seen from Figure
5.15, the entire surface was fully covered by oxide products having faster oxidation rate at grain
boundaries than that of grains for all samples. The protruded intergranular growth of oxide
products along grain boundaries was favoured as these channels had spatially disrupted atomic
bonding of about 5-10 atoms across facilitating the active diffusion paths for inward oxygen
anions and outward metal cations at high temperatures [236]. At 800°C, both SA (Figure 5.15a,
b) and SAP (Figure 5.15g, h) samples were fully covered by the continuous layer of a single
oxide product having granular morphology. The oxide layer was found to be composed of Crrich oxide product using EDS area analysis with chemical composition of 63.1 O, 3.0 Al, 2.1
Ti, 30.0 Cr, 0.1 Mn, 0.5 Fe, 0.7 Ni, 0.5 Nb and 0.03 Mo (in at %). If we consider the two major
elemental constituents of O and Cr, the atomic ratio of O:Cr would provide the value of
approximate 3.2:1.5. Thus, it is reasonable to infer that the Cr-rich oxide product could be
chromia (Cr2O3) scale. As the oxidation temperature increased to 900°C, the size of the oxide
particles was also increased as shown in Figures 5.15d and j. The morphology of oxide particles
was changed to nodular form for SA sample (Figure 5.15d), while it was remained to be
granular shape for SAP condition (Figure 5.15j). In both cases, the chemical composition of
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the oxide layers at 900°C was found to be identical as in case of 800°C condition. When the
oxidation temperature raised to 1000°C, the severity of the oxidation reaction was aggravated
with excessive coarsening of oxide particles and spallation (Figures 5.15e, f, k, l). The spalling
phenomenon was occurred due to the thickening and thermal expansion mismatch of the oxide
layers by inducing high compressive stresses during cooling process [237-239]. Interestingly,
the chemical composition of the oxide layers at 1000°C was found to be different and detected
to be 63.7 O, 0.1 Al, 9.2 Ti, 20.5 Cr, 4.3 Mn, 0.6 Fe, 0.3 Ni, 1.3 Nb and 0.1 Mo (in at %). As a
result, the morphology and composition of oxide particles evolved after 100 h exposure at
1000°C for SA sample were studied further using elemental mapping technique shown in
Figure 5.16. Figure 5.16 provides the distribution of elements present in the formed oxide scale
for SA samples along the protruded grain boundary region and within the matrix interface. In
both cases, the surface oxide layer was covered with two types of oxide particles. One type was
found to be a flat- or blade-like morphology enriched in Ti (EDS spot m in Table 5.6). The
other oxide particle had a multi-faceted morphology giving atomic ratio of elements O:Cr:Mn
= 6.4:2.6:1.0 (EDS spot n in Table 5.6). As a result, a complex oxide layer composed of two
distinct oxide particles developed at air-scale interface in case of 1000°C condition rather than
a Cr-rich single layer for 800°C and 900°C conditions, respectively. It was reported that both
Ti+4 and Mn+2 cations effectively diffused through the chromia layer and formed TiO2 and Mnspinel oxides at the air-scale interface [106, 108]. Thus, it is suggested that the complex surface
oxide layer was formed on top of the Cr-rich oxide layer at the air-scale interface in case of
1000°C oxidation condition.
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Figure 5.15. SEM imaging of oxide surface morphologies of SA and SAP samples in furnace
air after 100 h exposure at 800°C, 900°C, and 1000°C, respectively.
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Figure 5.16. The elemental distribution of surface oxide scale for SA sample at 1000°C for
100 h: (a) protrusion along grain boundary, and (b) within the matrix.
Table 5.6. The elemental composition of EDS spots in Figure 5.16.
Elemental composition in at. pct.
EDS

O

Al

Si

Ti

Cr

Mn

Fe

Ni

Nb

Mo

Atomic ratio of elements

m

66.9

0.04

0.04

19.5

9.1

2.4

0.2

0.1

1.8

0.02

O:Ti:Cr:Nb = 3.8:1.1:0.5:0.1

n

60.6

0.2

0.1

3.8

24.5

9.5

1.0

0.2

0.2

0.01

O:Cr:Mn = 6.4:2.6:1.0

spot

5.3.4.2. Interfacial study of oxide scales after oxidation
The development of oxidation reaction and the position of oxide layer formation on the metal
surface can be best understood by analysing the cross-sections of oxidized samples. Figure 5.17
shows the interfacial secondary electron (SE) micrographs of oxidized SA and SAP samples
providing the information about oxide surface morphology and growth, and matrix
microstructures. At 800°C, only a thin (1 µm) externally formed oxide scale was uniformly
covered the entire substrate and no internal oxidation was observed in both cases (Figures
5.17a, b). The grain boundaries were hard to resolve and could not be detected. A distinctly
contrasted sub-scale zone was originated underneath the scale-alloy interface in which the
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dissolution of γ″ and γ′ precipitates was occurred. It is called precipitate free or depleted zone
which has been reported to form in several others Ni-based superalloy systems during oxidation
process [240-242]. The formation of this precipitate free zone resulted due to the long exposure
of specimens in air at high temperatures and was reported to cause mechanical degradation of
components providing premature failure [242]. In the matrix for SA sample due to the
prolonged exposure at high-temperature (Figure 5.17a), the thickening of pre-existed acicular
δ plates was occurred without dissolving laves phases, and precipitates of γ″ and γ′ were
coarsened resulting in significantly reduced microhardness value (311 ± 20 HV in Figure 5.18).
In case of SAP condition, the hardening phases were coarsened as well, but the large plates of
stable δ phase were formed within the γ grain in the expense of metastable γ″ phase after 100
h exposure at 800°C [57] as shown in Figure 5.17b. During the prolonged exposure time period
at 900°C, the thickening of both external oxide scale and precipitate free zone was found to be
increased as shown in Figures 5.17c, d. The internal oxidation was clearly visible (black
arrows) along grain boundaries and within the matrix. The dissolution of laves and pre-existed
acicular δ plates was occurred in some extent for SA sample. It is expected that the γ′
precipitates were completely dissolved into the γ-matrix as the oxidation conditions exceeded
the phase stability (593.3°-704.4°C [56]) limit for γ′ particles. The dissolution and severe
coarsening of metastable γ″ phase should also occur (stability limit 704.4°-898.89°C [56])
which would further deteriorate the mechanical integrity (233 ± 8 HV in Figure 5.18). Similar
to 800°C condition, the transformation of γ″ to δ was accelerated giving acicular morphology
at 900°C for SAP sample (Figure 5.17d). When the oxidation temperature was raised to
1000°C, the extent of oxide layer formation was much more severe than 900°C condition for
both SA and SAP conditions as shown in Figures 5.17e, f. The severity of oxidation reaction
was seen to be more pronounced in case of SA samples rather than that of commercial SAP
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Figure 5.17. SEM imaging of cross-sectional oxide scale for SA and SAP specimens at
different temperatures after 100h exposure in furnace air.
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Figure 5.18. Variation in microhardness results obtained along the thickness (TD) of oxidized
SA samples after 100h exposure at different temperatures.
sample. Moreover, a continuous layer of oxide product was developed at 1000°C in both cases
(indicated by white arrows) which was located in between the external oxide layer and
substrate. The situation regarding the precipitate free zone in case of 1000°C oxidation
temperature was different than that of 800-900°C conditions. The prolonged exposure (100 h)
of heat-treated samples (both SA and SAP samples) at 1000°C was sufficient to effectively
dissolve all the secondary phases (laves, δ, γ″ and γ′) into the γ-matrix [56] and the sample
would lose its mechanical attribute completely (as shown in Figure 5.18). However, the
definition that has been provided for precipitate depleted or free zone in this study does not
involve the concept of dissolution of hardening γ″ and γ′ phases by continuous heating
treatment. This phenomenon was caused at high-temperatures by the uphill diffusion of less
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chemically active niobium due to the oxidation induced depletion of chromium concentration
in the γ-matrix adjacent to the scale-alloy interface [240]. As a result, the depth of precipitate
free zone at a particular oxidation temperature should be considered in terms of the depth of
chromium depleted zone in the alloy matrix due to the external Cr-rich oxide scale formation
and growth as shown in Figure 5.19. From Figure 5.19a, b, the depths of precipitate free zone
were 2.5 µm and 13 µm for 800°C and 900°C, respectively. In case of 1000°C, the depth of
precipitate free zone was found to be more than 25 µm (Figure 5.19c). It is interesting to notice
that the internal oxide scales were composed of two types of oxide products at 900°C (Figure
5.19b) and 1000°C (Figure 5.19c), respectively. One type was Al-rich oxide formed within the
matrix and other one was Nb-rich oxide located at external scale-alloy interface. This was
obvious for 1000°C as seen in Figures 5.17e, f, but the identification of very thin Nb-rich oxide
layer was difficult at 900°C (Figures 5.17c, d).
In order to identify the location and determine the chemical composition of oxide scales
developed during oxidation reaction at different temperatures, the cross-sectional study of
oxide scale was further examined by SEM-EDS elemental mapping technique as shown in
Figure 5.20. Irrespective of oxidation temperatures used in this study for heat-treated IN718
alloys, an external Cr-rich oxide scale was developed at air-alloy interface providing an atomic
ratio of O:Cr close to the value of 3:2 (spot p in Table 5.7). The internal oxidation was only
observed at 900°C and 1000°C conditions, and the severity was enhanced at 1000°C (Figures
5.20b, c). The Nb-rich complex layer was composed of Nb and Ti (spot q in Table 5.7) and Alrich oxide particles were suggested to be alumina (Al2O3) as the atomic ratio of O:Al was in
close proximity of 3:2 (spot r in Table 5.7). From Figure 5.20c, it is seen that the outer part of
Cr-rich external layer was enriched in Ti and Mn at 1000°C which was discussed in previous
section 5.3.4.1.
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Figure 5.19. Line scanning profiles of SA samples for (a) 800°C, (b) 900°C, and (c) 1000°C
after 100h exposure.
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Figure 5.20. The corresponding maps of elemental distribution for SA samples at (a) 800°C, (b) 900°C, and (c) 1000°C after 100 h exposure.
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Table 5.7. The results of EDS point analysis conducted in Figure 5.20.
Elemental composition in at. pct.
EDS

O

Al

Si

Ti

Cr

Mn

Fe

Ni

Nb

Mo

Atomic ratio of elements

p

64.8

0.2

0.02

0.8

32.3

0.9

0.7

0.2

0.1

0.04

O:Cr = 3.2:1.6

q

62.5

0.2

0.1

10.8

4.2

0.00

0.4

0.7

20.8

0.5

O:Ti:Nb = 3.1:0.5:1.04

r

59.5

36.1

0.1

0.04

0.8

0.00

1.2

1.9

0.4

0.2

O:Al = 2.97:1.8

spot

5.3.4.3. Identification of oxide phases
The evolution of oxide phases during oxidation reaction at different temperatures for SA and
SAP samples was identified and confirmed using XRD line data as shown in Figure 5.21. At
800°C, both SA and SAP samples yielded oxide peaks that would perfectly matches with
chromia phase, Cr2O3 (ICSD 01-070-3766) along with the peaks for γ-matrix and δ precipitates.
With increasing the oxidation temperature to 900°C, the oxide peaks were composed of
chromia phase and a rutile-type Ti0.67Nb1.33O4 phase (ICDD 00-053-0293) which was the
complex Nb and Ti oxide layer formed internally at scale-alloy interface in both samples. The
peaks of γ-matrix and δ precipitates were also observed for both SA and SAP samples. The
XRD peaks of oxidized SA and SAP samples at 1000°C were composed of Cr2O3,
Ti0.67Nb1.33O4, Al2O3 (ICSD 01-070-3319), rutile-type TiO2 (ICSD 01-077-0443) and spinel
MnCr2O4 (ICSD 01-075-1614) phases. Thus, the external Cr2O3 scale was covered by a thin
layer of TiO2 and MnCr2O4 oxides at the air-scale interface. Underneath the external Cr2O3
layer, complex Ti0.67Nb1.33O4 scale was formed at the scale-alloy interface and Al2O3 particles
were preferentially formed at grain boundaries as well as in the matrix. The types of oxide
phases formed under the present experimental conditions for heat-treated samples in WAAM
718 alloys were well complimented with the literature [106].
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Figure 5.21. XRD patterns of oxidized samples at different temperatures after 100 h exposure
to furnace air.
5.3.4.4. Study of spalled area
The spalling or detachment of oxide scale would occur by buckling under excessive
compressive stress due to the difference in thermal expansion of metal substrate and oxides
when the oxide scale reached the critical thickness value during oxidation [238, 239]. In case
of IN718 alloys, the situation was complex due to the formation of multi-layer oxide scale,
especially external Cr2O3 and internal Ti0.67Nb1.33O4. The path of crack initiation and
propagation in oxide layer during oxidation process can be understood in some extent by
studying the spalled oxide area as shown in Figure 5.22. The initiation of cracking for scale
detachment for IN718 alloys should occur at the Ti0.67Nb1.33O4 scale-alloy interface as the
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oxidation-induced volume changes (stress) had to be relieved by the deformation or strain in
the internal oxide layer when the oxide growth was provided by the inward oxygen anion
diffusion [239]. From Figure 5.22a, it can be said that the crack initiation occurred at the Cr2O3Ti0.67Nb1.33O4 interface rather than Ti0.67Nb1.33O4-alloy interface as fracture surface exposed
the Ti0.67Nb1.33O4 scale (spot u) without exposing the metal substrate (Ni). Then, the crack
propagation continued along the two oxide phases interface until it reached at the periphery of
the fracture surface. Finally, the direction of crack path propagation changed and the spalled
oxide surface detached along Cr2O3 scale (spot s). There could also be the possibility that the
direction of crack propagation might transfer to the interface between the Cr2O3 and TiO2MnCr2O4 in order to exposure the Cr2O3 scale due to the difference in thermal expansion [107].
Thus, the weakest point in the oxide scale was found to be interface between external Cr2O3
and internal Ti0.67Nb1.33O4 oxides for crack initiation and propagation under compressive stress
during oxidation reaction.

Figure 5.22. (a) The elemental mapping of spalled area for SA samples at 1000°C after 100 h
exposure time. The elemental composition of EDS spot analyses of (b) s, (c) t, and (d) u in (a).
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5.3.4.5. High-temperature oxidation kinetics of SA samples
The kinetics of oxide scale formation during the oxidation reaction process can be assessed
from the relationships of mass gain per unit area as a function of oxidation parameters (time
and temperature). Figure 5.23a shows the change in mass gain per unit area for SA and SAP
samples against the oxidation time up to 100 h at 800°C, 900°C and 1000°C conditions,
respectively. The gradual increment in mass gain per unit area was observed at each
temperature condition as the oxidation time continued to increase due to the thickening or
growth of oxide products. The rate of diffusion of inward moving oxygen anions (O-2) and
outward moving metallic cations (Cr+3, Nb+4, Ti+4, Mn+2, Al+3) in the formation of oxide
products was increased obviously with increasing the oxidation temperature and thus, increased
the mass gain per unit area. After 100 h exposure period at 800-1000°C, the mass gains for SA
and SAP samples were found to be 0.16, 0.47, 1.47, and 0.14, 0.5, 1.3 mg/cm2, respectively.
The significant increment in mass gain at high-temperatures (especially 900-1000°C) was
observed for IN718 alloys due to its complex alloy chemistry that formed other oxide products
along with Cr2O3 scale as described in details in section 5.3.4.2. Although the mass gain per
unit area was continuously increasing, the rate of oxidation reaction (the slope of curve), on
the other hand, was gradually decreasing with oxidation time at each temperature condition for
SA and SAP samples. At the beginning stage, the oxidation reaction was fast due to the direct
exposure of clean metal surface with the high-temperature environment. The adsorbed O-2
anions directly came in contact with metal cations and started to nucleate oxide products
rapidly both at the air-alloy interface and within the alloy. As the oxidation reaction continued,
the externally formed protective and coherent Cr2O3 scale completely covered all the
preferential oxidizing areas on the metal surface. Under this circumstances, the O-2 anions
adsorbed preferentially at the air-scale interface and did not have any direct contact with metal
cations. As a result, a steady state condition was established and the oxide scale formation
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could only be achieved by the migration of anions and cations through the Cr2O3 scale. This
was the rate controlling step and it slowed down the reaction process to provide protection
against oxidation. This type of oxidation kinetics is known as parabolic rate law and can be
given as follows [120]:
(∆𝑤⁄𝐴)2 = 𝑘𝑝 . 𝑡 + 𝐶

(5.3)

Where, Δw is the mass gain (mg), A is the total surface area of the sample (cm2), kp is the
parabolic rate constant (mg2/cm4s), t is the oxidation time (s) and C is integral constant. Using
the equation 5.3, kp values can be obtained from the slopes of (Δw/A)2 vs. t curves for SA and
SAP samples at 800-1000°C conditions as shown in Figure 5.23b and are tabulated in Table
5.8. It is seen that the straight line of kinetics curves became steeper as the temperature
increased from 800°C to 1000°C giving large values of the parabolic rate constant (kp). It was
resulted due to the faster oxidation process consuming metal cations rapidly in the formation
of oxide products. The slopes for SA samples were found to be very close to that of SAP
samples at 800°C and 900°C conditions. However, the SA-treated WAAM IN718 alloy showed
much steeper slope (1.3 times of kp value) than that of commercial SAP alloy at 1000°C
condition which might be attributed to the compositional heterogeneity of the preferential
oxidation of segregated interdendritic zone [163] as well as the presence of higher degree of
(200) texture [243]. It is noteworthy to mention that the parabolic rate constant (kp) values of
IN718 alloys vary significantly with different AM methods as shown in Table 5.9. From the
literature survey, it can be observed that the wire-based AM (WAAM) products of IN718 alloys
showed better oxidation resistance than that of powder-based laser and electron AM processes.
The powder-based AM processes produced lower density built-parts containing high-level of
porosity inside than that of WAAM methods. This was the primary reason to give poor
oxidation performance of the built IN718 alloys as the oxidation resistance could be improved
by reducing the porosity level using hot isostatic pressing [217, 221]. The parabolic rate of
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oxidation reaction was found to be dependent on the oxidation temperature which could be
considered to obey the Arrhenius-type equation [244-246] as follows:
𝐾𝑝 = 𝐴. 𝑒𝑥𝑝[−𝐸𝑎 ⁄𝑅𝑇]

(5.4)

Equation (4) can be expressed in the following non-exponential form:
1

ln 𝐾𝑝 = [−𝐸𝑎 ⁄𝑅 ] 𝑇 + ln 𝐴

(5.5)

Where, Ea is the activation energy (kJ/mol), R is the universal gas constant (8.314 J/mol K), T
is temperature in kelvin and A is a pre-exponential factor known as frequency factor
(mg2/cm4s). From the equation 5.4, it is to be understood that low activation energy values at
high-temperatures would result high values of rate constant favouring the oxidation reaction at
a faster speed. The values of Ea and A can be obtained from the slopes of the line in ln Kp vs.
1/T curves for SA and SAP samples in the temperature range of 800-1000°C as shown in Figure
5.23c and are tabulated in Table 5.8. Thus, the general formulas of equation 5.4 can be rewritten for SA and SAP samples to yield Kp values at the temperature range of 800-1000°C:
For SA: 𝐾𝑝 = 2.115 × 105 𝑒𝑥𝑝[−257709⁄8.314𝑇 ]

(5.6)

For SAP: 𝐾𝑝 = 3.221 × 104 𝑒𝑥𝑝[−239551⁄8.314𝑇]

(5.7)

The obtained values of Ea for IN718 superalloys in dry air at the temperature range of 8001000°C were found to be well complimented with previous studies [107, 221]. It was reported
that the value of Ea required for Cr+3 cations migration through Cr2O3 scale was in between
250-290 kJ/mol [107]. Although multiple reactive elements were oxidized in IN718 alloys at
high-temperatures, it was seen that the value of Ea for SA sample fabricated using WAAM
process felt within the aforementioned range, and was in close proximity for SAP sample
(Table 5.8). Thus, the oxidation reaction process of scale growth in IN718 superalloys was
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mainly controlled by the outward migration of Cr+3 cations through Cr2O3 layer at the air-scale
interface.

Figure 5.23. High-temperature oxidation kinetics of solution-annealed IN718 parts in ambient
air up to 100 h: (a) mass gain per unit area vs. oxidation time, (b) square of mass gain per unit
area vs. oxidation time; and (c) the determination of temperature dependency of oxidation
kinetics by plotting ln(Kp) vs. 1/T graph.
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Table 5.8. The experimentally obtained parabolic rate constant (kp) and activation energy (Ea)
values for SA and SAP samples from Figures 5.23b and c.
kp (mg2cm-4s-1)

Temperature (°C)

SA

SAP

800

(6.26 ± 0.86)*10-8

(6.67 ± 1.25)*10-8

900

(6.47 ± 0.89)*10-7

(7.72 ± 1.18)*10-7

1000

(5.9 ± 0.48)*10-6

(4.49 ± 0.48)*10-6

Temperature range (°C)

Ea (kJ/mol)

800-1000

SA

SAP

257.709

239.551

A (mg2cm-4s-1)
SA

SAP

2.115*105

3.221*104

Table 5.9. A summary on parabolic rate constant (kp) values obtained using other AM methods
for SA-treated IN718 superalloys.
Feedstock

AM

Test conditions

process
Powder

DEDa

Powder

c

Powder

Powder
a

EB-PBFd

SLM

Reference

(°C)
TGAb in ambient air for 48h 850
TGA in artificial air for 24h 900

Furnace air for 168h

Furnace air up to 908h

0.5*10-5
3.13*10

-5

1000

8.55*10-4

650

1.1*10-6

750

5.1*10-6

850

4.3*10-4

850

7.5*10-8

[163]
[217]

[221]

[215]

DED: Direct energy deposition

b

c

SLM

Temperature kp (mg2cm-4s-1)

TGA: Thermal gravimetry analysis

SLM: Selective laser melting

d

EB-PBF: Electron beam powder bed fusion
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5.3.4.6. Oxidation mechanism of heat-treated WAAM IN718 superalloys
The basic concept of oxidation process in dry air involves three stages: (i) the chemical
adsorption of oxygen anions on the exposed metal surface, (ii) the nucleation of oxide crystals
followed by lateral growth of polycrystalline oxide scale until it covers the entire metal surface,
and (iii) the thickening or growth of the oxide scale perpendicular to metal surface by solid
state diffusion of oxygen anions and metal cations through oxide scale. At atmospheric pressure
and high-temperatures, the first two steps are rapid and mainly driven by the oxidation
reactions. Thus, these are not considered as rate-determining steps. It is also to be pointed out
that the nucleation of oxide particles was occurred both externally and internally at the same
time during step (ii). In the context of engineering applications, the diffusion of ions through
the oxide scale is often considered to be the rate determining step due to the reduction of the
oxidation rate as the scale continues to grow [112]. In the case of IN718 superalloys, the
oxidation kinetics obeyed the parabolic time dependency by forming a dense and protective
Cr2O3 scale externally which reduced the rate of oxidation reaction as the growth of Cr2O3
layer continued via ions migration process (as discussed in section 5.3.4.5).
A multi-layered oxide scale was observed under the present experimental conditions due to the
presence of more than one reactive elements in the IN718 superalloys, except at 800°C as shown
in Figure 5.20. Thus, the oxidation mechanisms in the formation of oxide products were found

to be dependent on the oxidizing temperatures. The thermodynamic stability of the oxide
phases can be understood from the reactive ability of cationic species by using the Ellingham
diagram [109, 110]. It states that an oxidation reaction is more favourable in an oxidizing
environment at a certain temperature and oxygen partial pressure (PO2) if the reaction possesses
more negative standard Gibbs free energy (ΔG°) and if the dissociation oxygen pressure of the
oxidation reaction stays below the PO2 of the oxidizing environment. Under these
circumstances, the stability of the oxide products in IN718 alloy has been found to increase in
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the following sequence at the temperature range of 800-1000°C: Cr2O3 < NbO2 < MnO < TiO2
< Al2O3. Thus, Cr+3 cations showed the least affinity and Al+3 cations had the most affinity
towards oxygen anions (O-2) in the formation of Cr2O3 and Al2O3 oxides. Despite the
thermodynamic drawbacks, Cr2O3 was found to be the most sable oxide in IN718 superalloys
due to its higher elemental concentration (19 wt.%) in comparison with other alloying elements.
As a result, IN718 superalloys belong to group II-based Ni-Cr-Al alloys yielding an external
protective Cr2O3 scale with a sub-scale of internal Al2O3 products [117] in the grains and along
grain boundaries. Once the metal surface was covered by a thin and continuous layer of Cr2O3
scale at the steady-state condition, further oxidation reaction and scale growth had to be
commenced by the diffusion of cations or anions or both through the oxide layer. Depending
on which types of defects predominated the ions transport process in the oxide scale, the growth
direction of oxide scale would be determined. When the predominant defects in the ionic oxide
lattice were found to be metal interstitials or vacancies, metal ion transport would dominate the
diffusion process giving external oxide scale. On the other hand, an internal oxide layer would
develop at the scale-alloy interface if oxygen ion transport dominated the diffusion process
through the solid ionic oxide lattice due to the presence of oxygen interstitials or vacancies
[112, 247]. So, the high-temperature oxidation of IN718 alloys in dry air is a complicated
scenario where the evolution of oxide phases are dependent on oxidation temperatures, alloy
composition and types of defects in oxide lattice.
After prolonged heating at 800°C, a single layer of Cr2O3 phase was developed externally on
the metal surface (Figure 5.20a). It is reasonable to assume that the selective oxidation of Cr+3
cations was only proceeded at the air-alloy interface due to its higher reactive activity (19 wt.%)
during the exposure of metal surface. No internal oxidation was observed as the diffusivity of
oxygen anions and other reactive cations (Ti+4, Nb+4, Al+3) was inadequate to transport at the
scale-alloy interface at 800°C. Thus, IN718 superalloys showed excellent oxidation resistance
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at 800°C in dry air environment. When the temperature was increased to 900°C, the rate of
oxidation process was accelerated and a multi-layer oxide scale was developed (Figure 5.20b).
Due to the increased diffusivity of cations and anions, Ti+4, Nb+4 and Al+3 cations were
selectively oxidized to form internal oxides along with external oxide layer of Cr2O3 when the
metal surface was exposed to oxidizing environment. As soon as the alloy surface was covered
by a dense and compact Cr2O3 layer, the steady state condition was reached. The thickening of
Cr2O3 layer was continued by the diffusion of Cr+3 and O-2 ions through Cr2O3 scale at the airscale interface due to its thermodynamic drawback (low ΔG° and high dissociation oxygen
pressure). Due to the low concentration and high thermodynamic stability (high ΔG° and low
dissociation oxygen pressure) of Ti and Nb, the diffusion process was controlled by the oxygen
anions diffusion and a complex Nb-rich Ti0.67Nb1.33O4 phase formed at the scale-alloy interface
beneath the Cr2O3 scale. The diffusion of Cr+3 cations was reported to occur through the grain
boundaries and bulk of the Nb-rich oxide layer due to its high Cr concentration (4.2 at.% in
Table 5.7) [118]. Al2O3 phase was found to be the most thermodynamically stable oxide
(highest ΔG° and lowest dissociation oxygen pressure) in IN718 alloys. Thus it could form and
grow within the grains and along the grain boundaries. The inward diffusion of oxygen anions
was most favoured along the grain boundaries as these were active pathways for both inward
anions and outward cations migration [106, 236]. The thickening or growth of oxide products
was observed to be more pronounced at 1000°C (Figure 5.20c). The selective oxidation of all
the possible reactive elements (Cr+3, Ti+4, Mn+2, Nb+4 and Al+3 cations) in IN718 superalloys
was observed to occur due to the increased diffusion coefficients or mobility of cationic species
at 1000°C. The oxidation mechanism in the evolution of oxide phases was consisted of forming
an external Cr2O3 scale at air-scale interface, an internal Nb-rich Ti0.67Nb1.33O4 phase at scalealloy interface and discrete Al2O3 particles within the grains and along the grain boundaries.
Like Cr+3 cations, Ti+4 cations can effectively diffuse through Nb-rich complex layer via grain
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boundaries as well as through the bulk due to the high-level of Ti concentration (10.57 at.% in
Table 5.7). Mn+2 cations was also reported to be diffused through Nb-rich inner layer via grain
boundaries [118]. It is well known that the lattice diffusivity of Ti+4 and Mn+2 cations through
Cr2O3 scale was faster than that of Cr+3 cations [107, 118]. As a result, a thin outermost layer
of rutile-TiO2 and spinel-MnCr2O4 was formed at the air-scale just above the Cr2O3 scale at
1000°C.
5.4. Conclusions
The effects of standard solution-treatment on microstructural evolution, mechanical properties
and high-temperature oxidation resistance of WAAM-fabricated IN718 superalloys were
investigated and compared with a commercially available wrought IN718 parts. From the
above discussion regarding the obtained results in this study, the following conclusions can be
drawn:
(1) The WAAM process was found to be a slow-cooling rate process due to the supply of highheat energy during welding. As a result, the as-fabricated (AF) IN718 parts formed hightextured columnar γ-matrix epitaxially with compositional heterogeneity due to the microsegregation of Nb. The Nb-depleted region of γ-matrix (DCR) precipitated out Ti-rich
carbo-nitrides particles, and the NbC and laves precipitates were situated in the Nbenriched region of γ-matrix (IDR).
(2) After the solution-treatment (SA), the sample remained to be highly-textured γ-matrix with
identical compositional heterogeneity as found in case of AF condition. The acicular δ
plates were formed in IDR surrounding the residual laves phases, wherein it was
intergranularly formed along grain boundaries in case of wrought IN718 alloys (SAP).
(3) The mechanical properties of AF and SA samples showed poor directional dependence.
The strength of SA-treated IN718 parts was inferior to its commercial counterpart (SAP)
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due to the precipitation of non-hardening particles (δ and laves) and large columnar grain
structure.
(4) The micro-void nucleation, growth and coalescence at the particle (δ, laves and
carbides)/matrix interface were found to be failure mechanisms and the fractured surface
showed a transgranular ductile failure mode.
(5) Irrespective of oxidation temperatures, the rate of oxidation process in IN718 alloys
followed the square of oxidation rate law and the growth of oxide scale was mainly
controlled by the outward diffusion of Cr+3 cations through Cr2O3 scale at the air-scale
interface.
(6) At 800-900°C, the oxidation kinetics of SA and SAP samples were found to be identical
and independent of the microstructural heterogeneity. At 1000°C, SA sample showed
higher oxidation rate than that of SAP sample due to the preferential oxidation of
segregated IDR. So, the wrought samples showed marginally better oxidation properties
than that of WAAM-built parts after SA-treatment.
(7) The oxidation mechanisms of oxide scale formation in IN718 alloys were found to be
dependent of oxidation temperatures and cationic activity of alloying elements. The IN718
alloys showed excellent oxidation resistance until 800°C forming only a thin layer of protective
Cr2O3 scale at the air-alloy interface.
(8) At 900-1000°C, the oxidation kinetics became severe forming multi-layered of oxide scales
of external Cr2O3 scale at the air-alloy interface, inner Nb-rich layer beneath Cr2O3 scale
and internal sub-scale of Al2O3 particles. In addition, a thin outermost layer of (TiO2 +
MnCr2O4) was formed at air-Cr2O3 scale interface due to the high diffusivity of Ti+4 and
Mn+2 cations through Nb-rich inner layer and external Cr2O3 scale at 1000°C.
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Chapter 6: Gas tungsten arc welding based additive manufacturing of
Inconel 718 superalloys: Effect of modified homogenization heat-treatment
on microstructure, mechanical and chemical properties
6.1. Introduction
The microstructural evolution of as-deposited IN718 superalloy parts during WAAM process
has been found to be consistent and is independent of applying various arc-welding techniques,
such as GTAW [14, 15, 20, 29], MIG [13], plasma arc welding (PAW) [17, 19, 23-25], and
CMT [18, 21]. A highly textured γ-matrix of dendritic morphology was developed parallel to
the build-up direction with laves phase and carbide inclusions situating in the interdendritic
region [13, 19-21, 29]. Carbide inclusions are not considered detrimental to mechanical
strength of IN718 alloys. However, the presence of these particles was found to cause difficulty
during machining process [7, 248]. The precipitation of laves phase in wire-arc additively
fabricated IN718 parts is the major concern as it deteriorates the mechanical integrity of the
weldments. The WAAM-IN718 alloy is susceptible to solidification and liquation cracking
under improper welding conditions during fabrication providing anisotropic mechanical
properties [24]. The presence of laves phase was also reported to cause fracture by initiating
the micro-voids formation under loading [89]. The formation of laves phase also depletes the
Nb concentration in the matrix for the precipitation of strength hardening phases of γ″ and γ′
[56]. Thus, the avoidance or elimination of laves constituents in WAAM alloy 718 is important
to achieve the desired properties. The inevitability of the formation of laves constituents is
commenced due to the high heat input and low cooling rate of WAAM process [63, 249] which
are difficult to govern and control at present [147]. As a result, the post-deposition
homogenization-treatment is the best way to eliminate laves phase by dissolving it back to γmatrix and redistributing the beneficial Nb concentration in a more uniform manner throughout
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the γ-matrix. Recently, Seow et al. [19] has investigated the effects of a modified
homogenization-annealed (HA) condition on microstructure and mechanical properties of
WAAM alloy 718. It was found that laves phases were completely dissolved into the γ-matrix.
The mechanical strength of heat-treated WAAM parts (1062 MPa) was inferior to wrought
products (1241 MPa, AMS 5662) as high homogenization temperature (1186°C for 40 mins)
promoted excessive grain growth of existing large columnar grains. Interestingly, it was also
possible to dissolve the deleterious laves phases at 1100°C using standard homogenizationsolution-annealed (HSA) condition [19, 250]. However, the solution treatment (980°C for 1 hr)
precipitated out δ-Ni3Nb phase in γ-matrix of WAAM parts which adversely affected the
ductility and obviously depleted the Nb amount for γ″ formation. Thus, a lower
homogenization temperature of 1100°C with only annealed condition should be more useful to
subside the grain coarsening behaviour and dissolve laves particles in WAAM parts than that
of Seow et al. work [19]. It is also necessary to understand the influence of this modified heattreatment on structure-property relationship of WAAM parts and compares with the literature.
So far, the focus of fabricating IN718 parts using WAAM process has been confined within
the realm of understanding the effects of heat-treatment on the microstructural evolution and
mechanical properties [18, 19]. However, the knowledge of oxidation kinetics and oxide phase
formation of WAAM IN718 parts is equally crucial to predict its oxidation performance and
hot corrosion behaviour under a continuous high operating temperature, especially in recent
models of gas turbine engines with high inlet temperature in order to achieve greater efficiency
and energy output [35, 251]. According to the general characterization of Ni-Cr-Al superalloys,
IN718 forms external chromia (Cr2O3) scale to reach the steady-state condition with internal
alumina (Al2O3) subscale during high-temperature oxidation [117]. In reality, the oxide-scale
formation and oxidation kinetics of IN718 are much more complex due to the presence of other
alloying elements (Ti, Mn, Nb) that are more susceptible to oxidation than that of Cr. Al-hatab
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et al. [107] suggested that the oxidation kinetics of as-received IN718 was sub-parabolic in
nature and independent of temperature. On the other hand, the formation of oxide scale was
found to be temperature dependent. Until 850°C, only a thin and non-porous Cr2O3 layer was
formed. At 950°C, a multi-layered oxide scale was observed: an external layer of Cr2O3 at
air/alloy interface, an outermost thin layer of rutile-TiO2 and spinel-MnCr2O4 at air/scale
interface, an innermost layer of Nb- and Ti-enriched Ni3Nb, and a subscale of Al2O3. Recently,
Sanviemvongsak et al. [106] have studied the oxidation behaviour of as-fabricated laser beam
melting (LBM) and electron beam melting (EBM) IN718 parts, and reported a similar
observation as discussed above, except the innermost layer has been confirmed to be a
thermodynamically stable rutile-type TiNbO4 phase. The presence of this inner layer has also
been reported in Nb-containing high-Cr steels at 800°C [118]. However, in a previous study,
Sanviemvongsak et al. [218] also claimed the Nb-rich inner oxide layer as non-oxidized δ
(Ni3Nb)-phase under the same experimental conditions which coincides with the results of Alhatab et al. [107]. Due to the contradiction of results in the literature, it is necessary to identify
and confirm the exact nature of innermost Nb-rich layer during high-temperature oxidation of
WAAM alloy 718 by using both quantitative elemental method and phase analysis. So far,
studies related to the chemical reactions of WAAM-processed IN718 superalloys under severe
conditions are very scarce. Zhang and Ojo [29] investigated the corrosion performance of heattreated WAAM IN718 alloy in acidic environments at ambient atmosphere and showed that it
was more susceptible to corrosion than its wrought counterparts. The only work available in
literature on the oxidation behaviour of WAAM-processed IN718 alloy has recently been
conducted in as-fabricated conditions at 800-900°C by Singh, A. B. [22]. In other words, there
is no research work conducted to study the effects of high-oxidation temperature on
homogenized and heat-treated (HA) IN718 alloys manufactured by WAAM process. Thus, it
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is necessary to understand the effects of high-temperature oxidation behaviour on HA-treated
IN718 alloy parts processed by WAAM method.
The aim of the present work is to investigate the microstructural evolution, mechanical
properties and high-temperature oxidation resistance of modified HA-treated IN718 alloys
manufactured by gas tungsten arc welding (GTAW) based additive manufacturing (AM)
process. This manuscript uses the terms associated with AM technology according to the
standard ISO/ASTM 52900:2015 [133]. The experimental works were divided into two parts.
Firstly, the effects of the modified HA-treatment on microstructure and mechanical properties
of WAAM IN718 superalloys were studied and the results were compared with its as-fabricated
(AF) and wrought counterparts. Lastly, the oxidation performance of HA-treated samples in
terms of oxidation rate and oxide phase formation was evaluated at 900-1000°C in static
furnace air up to 120 h in comparison with the wrought IN718 samples and the results were
compared with literature.
6.2 Methodology
6.2.1. Raw materials
Commercially available IN718 wire (specification of AMS 5832, Danyang Haiwei
Electrothermal Alloy Co., Ltd, China) of diameter 1.2 mm was used to fabricate single bead
walls in GTAW-based WAAM process. The as-received IN718 plate (denoted as ARP) of
dimensions 200 x 50 x 6 mm3 (Jiangsu DZX Technology Co., Ltd, China) was used as the
substrate in cold-rolled condition. The chemical composition and microstructural analysis of
both wire and substrate were conducted extensively and given in Table 6.1 and section 6.3.1,
respectively.
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6.2.2. Experimental setup
A custom-made WAAM system was used to build multi-layered single bead IN718 walls, as
shown in Figure 6.1. It was a semi-automatic welding assembly containing a tungsten inert gas
(TIG) torch (heating source), a constant-current power source (Kemppi MasterTIG MLS TM
2000), a water coolant unit, a wire feeding device (CK Worldwide WF-3 wire feeder) and an
argon (Ar) gas shielding system. During deposition, these parts were automatically operated
and controlled via a program console. After depositing a layer, the platform (substrate with
deposited material) was adjusted manually along the horizontal direction in order to get back
into the starting position for the deposition of the next layer. At the same time, the upper parts
of the system (torch, gas shielding system and wire feeder) were also required manual
adjustment in vertical direction in such a way that the distance between the torch tip and the
deposited material surface (arc length) should remain approximately 3.5 mm. This distance
was crucial to generate a stable and dense arc having adequate heat input and welding voltage.
In order to maintain a stable molten pool as well as continuous feeding of wire into it during
deposition process, the torch and the wire feeder were placed at an angle of 60°. The deposition
parameters used in this study is listed in Table 6.2.
6.2.3. The modified heat-treatment and characterization
Two large single bead walls of physical dimensions of (125 x 116 x 11 mm3) were fabricated
with 40 layers using the deposition conditions mentioned in Table 6.2. Then, one sample was
used to study the effects of modified heat-treatment on microstructure, mechanical and
chemical properties of WAAM-IN718 alloys. The heat-treatment was carried out in a muffle
furnace through two steps: (1) homogenization treatment (HA) (1100°C for 1 h/air cooling),
and (2) a continuous double aging process (720°C for 8 h/furnace cooling at 71.2°C/h to 620°C
for 8 h/air cooling). An EDM wire-cutter setup was used to extract all the experimental cross-
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sectioned samples as shown in Figure 6.2. The vertical cross-sectioned samples (Figure 6.2a)
were mechanically polished using standard method for Ni-based superalloys [191] and etched
(electrolytic) in a 10 wt pct oxalic acid solution at 6V for 10s. The microstructural and
compositional analyses were conducted on SEM (JEOL JSM-6490LA)-EDS (AZtecEnergy)
system at 20kV. An automatic micro-hardness tester was conducted the Vickers hardness
testing at 1kg load for 10s. The phase characterization was performed using XRD technique
with a monochromatic CuKα radiation of 0.15418 nm (Figure 6.2b). Large tensile samples
(Figure 6.2d) were cut from both the horizontal and vertical directions of the wall according to
the standard ASTM E8/E8M-13a [134] which is referred in standard ASTM F3122-14 [252].
At least, 3 tensile specimens were tested using Instron 3367 machine at a loading rate of
1mm/min and the fracture surface analysis was done by SEM. The strain data (true strain) was
collected using a contactless optical measurement system (Mercury RT). At the same time, the
microstructural evolution, tensile testing, and fracture surface analysis of heat-treated ARP
samples were also studied for comparison.
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Table 6.1. The chemical composition of Inconel 718 substrate and wire, determined by EDS analysis (in wt. pct).
Elements

Ni

Cr

Fe

Nb

Mo

Ti

Al

Cu

Si

Mn

Materials
Substrate

51.8 ± 0.4

19.3 ± 0.3

17.9 ± 0.2

5.4 ± 0.1

3.3 ± 0.1

1 ± 0.1

0.5 ± 0.1

0.8 ± 0.3

0.1 ± 0.1

0.02 ± 0.02

Wire

50.8 ± 0.3

18.6 ± 0.2

19.2 ± 0.3

4.9 ± 0.2

3.1 ± 0.1

1 ± 0.1

0.7 ± 0.1

1.5 ± 0.3

0.1 ± 0.04

0.1 ± 0.1
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Figure 6.1. The experimental set-up and fabricated IN718 build-up wall in WAAM process.
The inserted motifs represent the sample extraction places within IN718 wall.
Table 6.2. The processing parameters used in the deposition of IN718 superalloys.
Polarity

DCEN (Direct Current Electrode Negative)

Electrode

2 pct Ceriated, 2.4 mm in diameter

Arc current

160 A

Arc length

3.5 mm

Voltage

14.5 V

Travel speed

100 mm/min

Wire feed speed

3000 mm/min

*

1.07 kJ/mm

Heat input

**

Specific deposition energy

5.01 kJ/g

Flow rate – TIG torch nozzle

8 L/min

Flow rate – trailing shield front

10 L/min

Flow rate – trailing shield rear

7 L/min

Pre-flow duration

3s
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Up-slope duration

2s

Down-slope duration

1s

Post-flow duration

30 s

*

Heat input (J/mm) =

Current (A) × Voltage (V) × 60 × 0.77
Travel speed (mm⁄min)

where 0.77 is the arc efficiency for

GTAW DCEN [189].
**

Current (A) ×Voltage (V) ×60 ×1000

Specific deposition energy (J/g) = Density (g⁄cm3 ) × Wire speed (mm⁄min) × Wire area (mm2) where

density of IN718 is 8.192 in annealed condition [100].

Figure 6.2. The schematic representation of sample dimensions (in mm): (a) vertical crosssectioned sample, (b) XRD samples, (c) oxidation samples, and (d) tensile samples.
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6.2.4. Oxidation study and oxide layer analysis
The isothermal oxidation behaviour of heat-treated WAAM-processed IN718 superalloys was
performed in a laboratory muffle furnace at 1000°C up to 100 h under static air condition. The
square samples (10 x 10 mm2) of 3 mm in thickness were cut from the middle part of the build
wall parallel to the BD-WD plane (Figure 6.2c). Prior to the oxidation study, all six faces of
oxidation specimens were manually wet ground up to P1200 SiC paper followed by ultrasonic
cleaning in ethanol solution and air drying. At the same time, high purity (99%) alumina
crucibles (outer diameter: 22mm and height: 20 mm; Toho Ceramic Technology Co., Ltd,
China) were placed in a preheated furnace at 1100°C for 30 mins to remove any moisture or
volatile substances and cooled in air. Then, the weight of the unexposed specimens with
crucibles was recorded using a micro-analytical balance and put in a preheated furnace at
1000°C. Later, the oxidized specimens with crucibles were weighted and the difference was
considered as the weight of oxide scale. After that, top-surface morphology, composition and
identification of oxide scale were performed by using SEM and XRD, respectively. Finally,
the oxidized samples were hot-mounted (Struers CitoPress 20 with sensitive mode), polished
according to standard procedure for chromium oxide, Cr2O3 layer [191] and etched (same as
mentioned in section 6.2.3) to characterize the cross-sectional morphology and composition of
oxide scale using the SEM-EDS system.
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6.3. Results and discussion
6.3.1. Effects of heat-treatment on microstructure and mechanical properties
The purpose of performing a specific heat-treatment on IN718 superalloys can be divided into
two categories. Firstly, it should homogenize or equilibrate the concentration of solute elements
throughout the matrix from microstructural prospective, and secondly, it should precipitate out
the strengthening phases to improve the mechanical properties for the real-life applications.
From the microstructural point of view, it is necessary to perform a suitable heat-treatment on
WAAM IN718 alloys to alleviate the microstructural heterogeneity. It must minimize or
completely eliminate the micro-segregation of solute elements, especially Nb and re-distribute
the alloy composition uniformly throughout the matrix so that the strengthening precipitates
(γ″ and γ′) can form in uniform manner by dissolving the laves phases and eutectic γ in IDR so
that Nb elements return back to matrix. Figure 6.3 shows the SEM images for as-fabricated
(AF) and HA samples used in this study. A homogeneous microstructure was observed along
the entire build-up wall in each condition. For AF sample, an epitaxial growth of Nb-depleted
dendritic core region (DCR) along with Nb-enriched interdendritic region (IDR) was developed
in parallel with the build-up direction. Except Ti-rich carbo-nitride inclusions found in DCR,
the precipitates of NbC and laves were formed in ICR during the solidification process. The
solidification sequence of molten liquid is given as follows [91]:
Above liquidus

L→

1075°−1160°C

NbC) + L →

1340°C

TiN +L →

1265°−1280°C

proeutectic austenite (γ) + L →

eutectic (γ +

eutectic (γ + laves). The segregation of heavy elements (Nb, Ti), high

heat input and low cooling rate during WAAM process were the reasons which are the inherent
characteristics of GTAW method [63]. The microstructure is analogous to as-cast condition
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Figure 6.3. SEM images with the corresponding maps of elemental distribution for as-fabricated (AF) and homogenization-annealed (HA) samples
fabricated by WAAM process.
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which requires proper heat-treatment to dissolve laves phases in order to redistribute Nb
uniformly and suitable thermomechanical conditions yielding equiaxed grain morphology for
commercial IN718 parts (ARP) [253]. Under the present modified heat-treatment condition,
the AF sample fabricated using WAAM process has responded well by completely eliminating
laves phases and Nb-enriched eutectic γ phase from the structure. The quantitative results of
the fraction of phase constituents and their elemental composition have been tabulated in Table
6.3 and Table 6.4, respectively. The microstructure of HA sample retained the epitaxial
columnar grain morphology with primary NbC and Ti-rich carbo-nitrides precipitates. The
matrix composition of HA sample was complimenting quite well with the nominal composition
of commercial wire or substrate used in this study (Table 6.1). These inclusions were still
present in the HA structure due to their higher saturation-solubility and eutectic temperatures
than the heat-treatment temperature used in this study [83, 90, 91].
Table 6.3. The determination of the fraction of microstructural constituents (%) present in the
AF and HA samples as shown in Figure 6.3 using SEM Auto Phase Map tool.
Samples

Matrix (NiFeCr)

Laves

NbC precipitates

(Ti,Nb)(C,N) precipitates

AF

97.15

2.55

0.22

0.08

HA

98.79

-

1.08

0.13
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Table 6.4. The elemental composition of the microstructural features present in different specimens.
Elemental compositions
Samples

Ni

Fe

Cr

Nb

Mo

Ti

Mn

Al

Si

C

N

Microstructural
features

AF

52.6 ±
0.6

21.1 ± 0.2

19.6 ± 0.3

2.32 ± 0.1

2.8 ± 0.3

0.7 ± 0.1

0.1 ± 0.1

0.8 ± 0.1

0.1 ± 0.1

-

-

DCR+

51.1 ±
0.7

17.6 ± 0.4

17.9 ± 0.5

7.5 ± 0.7

3.4 ± 0.4

1.4 ± 0.2

0.2 ± 0.1

0.8 ± 0.03

0.2 ± 0.0

-

-

IDR+

6.7 ±
6.3

2.2 ± 1.8

2.8 ± 1.7

25.7 ± 6.7

0.8 ± 0.2

4.8 ± 1.3

0.02 ±
0.03

0.3 ± 0.2

0.3 ± 0.1

56.5 ± 3.1

-

NbC++

2.8 ± 1.8

1.5 ± 0.9

2.2 ± 1.2

4.5 ± 0.4

0.3 ± 0.02

32.5 ± 4.7

0.02 ±
0.03

2.6 ± 1.9

0.1 ± 0.04

14.8 ± 0.2

38.7 ± 6.0

(Ti,Nb)(C,N)++

40.3 ±
1.1

14.1 ± 0.4

15.6 ± 0.4

21.7 ± 1.1

4.5 ± 0.3

1.5 ± 0.2

0.3 ± 0.1

0.6 ± 0.1

1.4 ± 0.1

-

-

Laves++

51.4 ±
0.3

18.9 ± 0.4

18.9 ± 0.4

5.2 ± 0.5

3.3 ± 0.2

1.0 ± 0.2

0.1 ± 0.1

0.70 ±
0.02

0.20 ±
0.04

-

-

DCR+

2.2 ± 0.7

1.1 ± 0.5

1.4 ± 0.4

30.1 ± 5.4

1.6 ± 0.3

5.7 ± 1.7

0.03 ±
0.04

0.1 ± 0.1

0.1 ± 0.1

57.7 ± 6.0

-

NbC++

1.4 ± 0.8

0.8 ± 0.3

1.4 ± 0.6

9.0 ± 1.7

0.4 ± 0.1

39.0 ± 4.5

0.02 ±
0.03

2.9 ± 2.8

0.03 ±
0.04

13.3 ± 6.6

31.5 ± 1.0

(Ti,Nb)(C,N)++

HA

+

Results are given in wt pct

++

Results are given in at pct
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Figure 6.4 shows the grain size comparison between AF, ARP and their heat-treated samples.
As discussed previously, both AF and HA samples formed long columnar grains along the BD
direction with the highest thermal gradient or heat flux. The extension of these long grains
seemed to occupy the entire frame of micrographs in the BD direction and the length could
grow up to several mm. The HA sample was found to be much coarser (213.64 ± 52.68 µm)
than that of AF samples (108.57 ± 36.28 µm) due to the high-temperature heat-treatment cycle
used in this study. Comparing these results with the commercial IN718 alloy (ARP, 58.48 ±
9.21 µm) and its heat-treated counterpart (HAP, 135.17 ± 15.54 µm), the severity of grain
coarsening in AF and HA samples was extremely high and this could lead to poor mechanical
properties which will be discussed later in this section. The XRD curves for AF, ARP and their
heat-treated counterparts are shown in Figure 6.5. Both AF and HA samples had strong
preferred growth orientation along (200) crystal plane for γ matrix which varied quite
significantly from the commercial IN718 part (ARP) and its heat-treated condition. The degree
of texture for AF and HA samples was much stronger than that of ARP and HAP samples due
to the epitaxial grain orientation during WAAM process (Table 6.5). Due to the inadequate
quantity of different phase constituents (< 5% as shown in Table 6.5) in the samples, the
detection of carbides or laves phases was not possible.
Thus, the modified heat-treatment used in this study successfully eliminated the compositional
heterogeneity by dissolving laves phase and eutectic γ in IDR. Severe grain coarsening
occurred in HA samples due to the initially formed large columnar grain of AF samples without
affecting the strong epitaxial texture during the heat-treatment process.
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Figure 6.4. The SEM images for (a, c) AF, (b, d) HA, (e) ARP, and (f) HAP conditions. The
dark arrows indicate the presence of grain boundaries.
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Figure 6.5: XRD profiles for AF, HA, ARP and HAP samples.
Table 6.5. The quantitative values of texture coefficient, Tc(hkl) of a specific (hkl) reflection and
degree of texture , σ obtained for different samples as shown in Figure 6.5.
Samples

Texture coefficient*

Degree of texture**

Tc(111)

Tc(200)

Tc(220)

Tc(311)

Tc(222)

σ

AF

0.0

4.65

0.24

0.12

0.0

1.83

HA

0.08

4.68

0.0

0.24

0.0

1.84

ARP

1.53

0.73

1.27

0.69

0.77

0.34

HAP

1.52

1.26

1.08

0.86

0.27

0.42

*

Texture coefficient, 𝑇𝑐(ℎ𝑘𝑙) = (𝐼(ℎ𝑘𝑙) ⁄𝐼𝑜(ℎ𝑘𝑙) )/[1⁄𝑁 ∑(𝐼(ℎ𝑘𝑙) ⁄𝐼𝑜(ℎ𝑘𝑙) )] [199], where I(hkl) is

the experimentally obtained XRD intensity of (hkl) plane, Io(hkl) is the standard XRD intensity
of randomly orientated grains of (hkl) plane taken from ICDD database for austenite (reference
code: 00-033-0397), and N is the total number of diffraction peaks.
**

2

Degree of Texture, 𝜎 = √[∑(𝑇𝑐(ℎ𝑘𝑙) − 1) ]⁄𝑁 [200]

194

From the prospective of physical attributes of IN718 superalloys parts in practice applications,
the associated heat-treatment should enhance the mechanical strength of the IN718 alloys via
precipitation hardening of γ″ and γ′ [19, 21, 25]. Figure 6.6 shows the response of heattreatment in microhardness values for WAAM IN718 alloys in this study. The HA samples
yielded almost double the microhardness values in comparison with AF condition along the
wall height as shown in Figure 6.6a. For HA condition, the microhardness values are more
uniformly distributed along the wall height than that of AF condition. This indicates the
suitability of the modified heat-treatment in the dissolution of laves phases and re-distribution
of beneficial Nb elements in the γ matrix uniformly to precipitate out hardening phases. The
average hardness value for HA sample was measured to be 461 ± 4 HV (equivalent to 46 ± 0.4
HRC) which has exceeded the minimum requirements (38 HRC) for IN718 plate (47 ± 0.8
HRC in this study) according to the standard AMS 5597 [100]. Thus, from the microhardness
results, it is clear that the presence of phase constituents in the matrix are more effective to
resist the plastic deformation than that of grain boundary density in case of ARP in Figure 6.4e.

Figure 6.6. (a) Vickers microhardness results of AR and HA conditions as a function of the
wall height, and (b) The average microhardness results for AF and as-received (ARP) Inconel
718 parts, and also in their respective heat-treated conditions.
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The effects of heat-treatment on the tensile test results of WAAM IN718 alloys are shown in
Figure 6.7 and summarized in Table 6.6. The commercial IN718 superalloy (ARP) and its heattreated condition (HAP) were also studied for comparison. The modified HA sample fabricated
by WAAM process in this study showed superior mechanical properties to cast IN718 alloys
[148] and the strength requirements of the results found in this study were also in close
proximity with the oilfield specification of API 6A718 [52]. But these results did not meet the
minimum requirements for wrought IN718 plate (HAP in this study) in terms of YS and UTS
according to the standard AMS 5597 [100]. The grain size of HA samples became too large
after heat-treatment process due to the coarse columnar grain structure of AF samples produced
during WAAM process. The ineffective grain size hardening mechanism was negatively
affected the tensile properties, and outweighed the precipitation strengthening aspects of γ″ via
coherency hardening and γ′ phase via order hardening [62, 76]. Both AF and HA samples
showed weak anisotropic tensile properties (YS and UTS) in horizontal and vertical directions
as the values of the spread of anisotropy are relatively close to 1. This results are well
complimented with the work of Seow et al [19] as shown in Table 6.6. The ductility of HA
samples could be comparable to wrought IN718 sample in this study as it exceeded the
minimum value (15%) required to satisfy the standard AMS 5597. The concept of materials’
strengthening mechanisms is quite straightforward and it is the ability of the material to resist
dislocation movements on a slip system by abating the yielding or macroscopic plastic
deformation. Although the precipitation of γ″ and γ′ significantly improved the YS of HAtreated samples, it was negatively affected the formability of the material by significantly
reducing the strain hardening exponent and uniform elongation/strain in the plastic region
(Figure 6.7 and Table 6.6). The strain hardening mechanism is simply related to the evolution
of dislocation density and dislocation-to-dislocation interactions. In the presence of γ″ and γ′
precipitates, the dislocation-precipitate interaction was more prominent to hinder the plastic
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flow than that of dislocation themselves and the material would quickly reach to its UTS at a
lower uniform strain inducing necking or non-uniform elongation/strain. Then, the material
would become plastically unstable as the effect of transversal section reduction (area) would
be larger than the effect of strain hardening factor involved during deformation. Thus, the
plastic deformation was said to be localized in the necking area, whereas the rest of the sample
parts experienced elastic strain [235].
Figure 6.8 shows intragranular ductile fracture mode to be the failure mechanism for AF, ARP
and their heat-treated counterparts in this study. The microvoid coalescence of dimples were
found to be coarser in AF samples. It is clearly evident that the fracture path was the continuous

Figure 6.7. The engineering stress-strain curves of AF and HA conditions at room temperature
with ARP and HAP samples for comparison.
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Table 6.6. The summary of tensile results of heat-treated IN718 walls fabricated by WAAM process.
Tensile properties

Ductility (%)

YS (MPa)

UTS (MPa)

The spread of anisotropy,
RYS (RUTS)**

Samples
AF_H*
30.20 ± 0.75
445.41 ± 5.45
778.02 ± 4.54
0.91 (0.99)
*
AF_V
27.95 ± 0.42
405.39 ± 12.57
774.52 ± 12.53
HA_H
23.42 ± 1.28
869.92 ± 10.64
995.49 ± 1.72
1.16 (1.07)
HA_V
24.62 ± 4.34
1016.82 ± 28.76
1067.15 ± 22.62
ARP
50.08 ± 0.31
510.01 ± 4.81
906.53 ± 5.96
HAP
25.76 ± 0.17
1123.11 ± 20.03
1282.46 ± 5.18
AF_H [19]
17.7
421
646
1.024 (1.17)
AF_V [19]
21.3 ± 7
431 ± 39
756 ± 47
HA_H [19]
21.1 ± 8
932 ± 2
1073 ± 36
0.918 (0.973)
HA_V [19]
19.9 ± 1
856 ± 6
1044 ± 14
Cast AMS5383 [67]
3
724
827
Wrought AMS5597 [100] 15
1034.2
1241.0
API 6A718 [52]
20
827
1034
*
H and V refer to the horizontal (parallel to welding direction) and vertical (parallel to build-up direction) directions, respectively.
**

RYS (RUTS) = YSV/YSH (UTSV/UTSH) is the ratio of yield strength (ultimate tensile strength) in vertical and horizontal directions.
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shearing of large columnar grain structure along the build-up direction so that DCR produced
elongated dimple fracture surface with tear ridges for AF sample in horizontal direction. For
AF sample in vertical direction, the fracture path was random and the fractured dimple surface
with tear ridges were more equiaxed in nature. On the other hand, a different fracture
morphology was observed in the case of HA. The fracture was not so obviously aligned along
the build-up direction and the continuity of shearing pattern of columnar grains was
disappeared. The dimples were not only clearly visible, but also their numbers were higher and
the sizes were relatively smaller in comparison with AF conditions. For ARP sample, the
dimples produced were the finest. On the other hand, shallow dimples with relatively flat
morphology were observed along with isolated cleavage regions (ICR) of brittle facets fracture
surface [235, 254] in case of HAP. In general, the ductile fracture mechanism is the
consequence of voids nucleation, growth and coalescence during the plastic instability period
when the material is lost its capability for uniform plastic deformation at UTS. A necking
phenomenon takes place that gives rise to a triaxial stress state inducing the nucleation of voids
at inclusions and second-phase particles such as laves, carbides. As the deformation continues,
voids grow and coalescence with each other to form an internal cavity until failure occurs by
shear at maximum resolved shear stress in a zigzag fashion [204, 255]. The mechanism for
void nucleation is the dislocation piling-up against the particles to induce decohesion of
particle-matrix interface. As the void is created, the repulsive forces of the dislocation loops
are reduced in close proximity of particle as the greater part of pile-up suffers an annihilation
process into the void. This action will resume the inactive dislocation sources which was
constrained by the pile-up ahead leading to spontaneous void growth and coalescence [204,
235].
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Figure 6.8. SEM micrographs of fracture surfaces for different specimens after room temperature tensile test.
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6.3.2. High-temperature oxidation performance of HA-treated WAAM IN718 alloys
The oxidation kinetics graphs at 900°C and 1000°C up to 120h are given in Figure 6.9. Figure
6.9a gives the mass gain per unit area as a function of oxidation time for HA and HAP samples.
The parabolic shape of the curves can provide the nature of oxidation rate law governing the
oxide layer formation during oxidation time. It seems that the kinetic curves can be divided
into two regions. The first region was a transient stage of oxidation until 48 hr where the rate
of oxidation was rapid due to the exposure of clean surface into the high-temperature
atmosphere. After 48 hr exposure time, the mass gain of oxide scale reached at a steady state
condition due to the formation of a protective oxide layer over the substrate. As a result, further
oxide scale formation slowed down and the oxidation became totally diffusion controlled of
inward moving oxygen anions and outward moving metal cations across the oxide layer. Under
this circumstances, it is customary to consider that the oxidation curves obey the parabolic rate
law and can be expressed using the following empirical formula [120, 256]:
(∆𝑤⁄𝐴)2 = 𝑘𝑝 . 𝑡

(6.1)

Where, Δw is the mass gain (mg), A is the total area of the sample (cm2), kp is the parabolic
(oxidation) rate constant (mg2/cm4s) and t is the exposure time (s). From Figure 6.9b, the slopes
of line curves will be the value of kp and it was found to be (4.998 ± 0.671) x 10-7 and (4.783 ±
0.288) x 10-7 at 900°C, and (5.57 ± 0.58) x 10-6 and (3.77 ± 0.48) x 10-6 at 1000°C for HA and
HAP samples, respectively. Under the present experimental conditions, it would be more
accurate to determine the oxidation rate law without assuming the traditional concept of
parabolic oxidation rate equation for WAAM IN718 alloys. In this regard, the general oxidation
rate equation can be given as follow [257]:
(∆𝑤⁄𝐴)𝑛 = 𝑘𝑝 . 𝑡

(6.2)
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In equation 6.2, the term n is the rate exponent which values will determine the oxidation rate
law and it should be in close proximity to the value of 2 if the oxidation rate law obeys parabolic
time dependency. The experimental results can be plotted in the logarithmic version of equation
6.2 in the following rearranged form:
log(∆𝑤⁄𝐴) = (1⁄𝑛) log 𝑡 + (1⁄𝑛) log 𝐾𝑝

(6.3)

From Figure 6.9c, the reciprocal of the slope and the intercept can be used to calculate the rate
exponent (n) and oxidation rate constant (kp, mgn/cm2ns) from the fitted line curve of log (Δw/A)
versus log t. For HA and HAP samples, the values of n and kp were found to be 2.594 and 2.235,
and 3.569 x 10-7 and 3.928 x 10-7 at 900°C, and 2.609 and 2.406, and 8.261 x 10-6 and 4.893 x
10-6 at 1000°C, respectively. Thus, according to these experimental results, it can be concluded
that the high-temperature oxidation kinetics of WAAM IN718 alloys approximately follow the
square of oxidation rate law indicating the parabolic oxidation process to be controlled by the
diffusion of ions.
After the homogenization treatment, a marginal improvement in the oxidation resistance for
HA-treated IN718 superalloys (Figure 6.9b) was observed due to the compositional
homogeneity of the samples in comparison with the SA conditions as described in the chapter
5. Also from Figure 6.9b, an identical rate of oxidation behaviour (kp) was observed in both
HA and HAP conditions at 900°C, however HA sample showed 1.5 times higher kp value than
that of HAP at 1000°C. The higher oxidation kinetics of HA-treated IN718 samples might be
the consequence of the higher degree of texture as shown in Table 6.5 and Figure 6.5. It was
reported in the literature that the grains in (111) orientation showed better oxidation resistance
than that of (110) and (100) orientations in Ni-based Haynes 230 superalloy, whereas (100)
orientation was found to be the worst [243]. Specific studies related to the oxidation
performance of HA-treated IN718 alloys manufactured by AM processes at high-temperature
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regimes are scarce. Singh, A. B. [22] was found that the rate of oxidation for WAAM-fabricated
AF sample (kp = 4.67 x 10-5 mg2/cm4s) was 1.47 times higher than that of commercial IN718
alloys (kp = 3.17 x 10-5 mg2/cm4s) at 900°C. Greene and Finfrock [178] reported a kp value of
4.67 x 10-5 mg2/cm4s at 1000°C for 24 hr for commercial IN718 alloy. A kp value of 8.55 x 104

mg2/cm4s was reported by Kang et al. [217] at 1000°C up to 10 hr exposure time for solution-

annealed (SA) IN718 sample fabricated by selective laser melting (SLM) process. The only
work available in literature on the oxidation-resistance of SLM-fabricated IN718 alloys in HAtreated condition was performed by Calandri et al. [215]. A kp value of 7.5 x 10-8 mg2/cm4s was
reported at 850°C which was one order of magnitude lower than that of the result obtained in
this study for HA-treated WAAM-fabricated IN718 alloy parts 900°C as shown in Figure 6.9b.
A direct comparison of the oxidation kinetics obtained in this study with these reports is
difficult to explain. These differences in experimental results may be derived from various
factors including the fabrication routes, testing conditions, surface roughness [218], grain size
or grain boundary density [106, 220]. To sum up, the HA-treated IN718 superalloy parts
fabricated using WAAM process showed higher rate of oxidation reaction than that of its
wrought counterpart at very high-temperature regime (1000°C) which was also observed in
case of SA samples as discussed in chapter 5. Due to the identical value of kp at 900°C for both
SA and SAP samples, the effect of oxidation time on the oxide phase formation at 1000°C for
SA samples was further studied and analysed.
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Figure 6.9. The oxidation kinetics of HA and HAP alloys at 900-1000°C in ambient air up to
120 h: (a) mass gain (Δw/A) vs. oxidation time, (b) square of mass gain vs. oxidation time, and
(c) log (Δw/A) versus log (oxidation time).
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The oxide surface analysis was conducted by SEM facility for WAAM-fabricated HA-treated
IN718 samples under different oxidation periods after exposing to 1000°C in ambient air as
shown in Figure 6.10. During the early transient stage of oxidation, the exposed IN718 samples
rapidly developed a thin oxide layer and covered the entire sample surface in a uniform manner.
Although the mass gain of oxide layer after a certain oxidation period gives an overall oxidation
rate of oxide formation (Figure 6.9), the actual rate of oxidation can be quite complex and
varies region to region microscopically. For example, the rate of oxidation at grain boundaries
was faster and easier than that of matrix region providing excessive growth of oxide particles.
The protrusion of oxide scale along grain boundaries was clearly visible in Figure 6.10
irrespective of oxidation periods. As the oxidation period continued to increase, the growth of
oxide layer continued and thermal stresses started to develop in the oxide layer. Once the
thickness of oxide scale reached a critical point where the acting thermal stresses on the oxide
scale exceeded the critical spallation stress, the oxide scale could buckle and separate from the
oxide/substrate interface leading to crack development and eventually spalled away under
compression during cooling period [237, 238]. In this study, oxide spallation was observed
after 48 hr of high-temperature exposure and the intensity of spallation increased as the
oxidation time increased (Figures 6.10e and 6.10g). The surface morphology of oxidized HA
sample after 100 hr was found to be a mixture of two types of oxides as shown in Figure 6.11.
The elemental composition of these elements are tabulated in Table 6.7. A Ti-enriched oxide
particles (spot m) with a flat morphology and a Cr-rich oxide with small amount of Mn (spot
n) were identified. This outermost complex-type oxide layer was only observed to form at
air/scale interface and was seen to cover the entire scale surface without exposing the main
oxide layer (chromia, Cr2O3 which will be discussed during cross-sectional study) during long
exposure time. It is to be mentioned that these oxide particles were also observed to form during
short exposure time in a discrete manner and did not cover the entire oxide surface.
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Figure 6.10. SEM top view micrographs of oxide scale for HA samples after exposing (a, b) 6
hr, (c, d) 24 hr, (e, f) 48 hr, and (g, h) 100 hr in ambient air at 1000°C.
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Figure 6.11. The elemental distribution of oxide surface for HA samples after 100 hr exposure at 1000°C in ambient air: (a) protrusion along grain
boundary, and (b) within the matrix. EDS point analyses of m and n in (a) are mentioned in Table 6.7.
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The cross-sectional study of oxide scales was carried out at different oxidation times as shown
in Figure 6.12 and three distinct types of oxides were identified as shown in Figure 6.13. Under
all conditions, an external oxide scale of Cr (spot p) and an internal scale of complex Ti and
Nb (spot q) were developed at the air/alloy interface. As the oxidation time increased, the
degree of internally formed Al-rich particles (spot r) were also increased in number and size.
It is to be noted that the externally formed Cr oxide scale was covered with Ti and Mn-rich
oxide particles at the outermost part of air/scale interface as the oxidation time increased which
was also observed and suggested during the analysis of top surface study. The intergranular
oxidation of Al-rich oxide particle was favoured along the grain boundaries as shown in Figure
6.12.

Figure 6.12. The cross-sectional images for HA samples after (a) 6 hr, (b) 24 hr, (c) 48 hr, and
(d) 100 hr exposure at 1000°C in furnace air. Dark arrows indicate the presence of grain
boundaries.
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Figure 6.13. SEM elemental mapping analysis on cross-sectioned HA samples after (a) 6 hr, (b) 24 hr, (c) 48 hr, and (d) 100 hr exposures at
1000°C in ambient air. EDS point analyses of p, q and r in (d) are tabulated in Table 6.7.
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Table 6.7. The elemental composition of EDS point analyses conducted in Figure 6.11 and
Figure 6.13, respectively.
Elemental composition in at. pct.
EDS
spots

O

Al

Si

Ti

Cr

Mn

Fe

Ni

Nb

Mo

m

69.9

0.1

0.1

21.8

5.3

1.3

0.2

0.1

1.2

0.00

n

65.8

0.04

0.04

6.1

19.4

7.2

0.8

0.3

0.3

0.04

p

62.0

0.3

0.1

0.9

36.0

0.0

0.4

0.3

0.0

0.0

q

60.5

0.5

0.04

9.2

5.1

0.1

0.4

0.7

23

0.5

r

56.2

35.1

0.0

0.02

1.2

0.1

2.3

4.3

0.4

0.3

The XRD analysis was conducted to identify the oxide phases in this study. As shown in Figure
6.14, the externally formed oxide scale was identified as chromia phase, Cr2O3 (ICSD 01-0703766) and internally formed oxide layer was a complex rutile-type Ti0.67Nb1.33O4 phase (ICDD
00-053-0293) at the air/alloy interface. The Al-enriched islands of oxide particles within the
alloy was identified as the alumina phase, Al2O3 (ICSD 01-070-3319). The outermost thin layer
at the air/scale interface was composed of a rutile-type TiO2 phase (ICSD 01-077-0443) and a
spinel MnCr2O4 phase (ICSD 01-075-1614), respectively.
The EDS line scanning was also performed to investigate the concentration profiles of various
elements across the matrix and the interface of the oxide layer, as shown in Figure 6.15. It is
seen that the intensity of Cr concentration (wt %) decreased gradually in the matrix on
approaching to the oxide layer due to the consumption of Cr in the formation of external oxide
layer. A uniform line intensity of concentration for Ni, Fe and even Nb was observed in the
matrix. A sharp increase in the intensity for Al concentration (at %) was observed at a distance
of 21 µm due to the existence of alumina Al2O3 having identical composition as mentioned in
Table 6.7. Similar observations were also found at distances of 25 µm and 26-34 µm for Nb
and Cr due to the presence of Nb-rich internal oxide and external Cr oxide, respectively.
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Figure 6.14. XRD profiles of oxidised HA samples at 1000°C in ambient air for different
exposure intervals.
The oxidation mechanism of oxide scale in IN718 superalloys can be understood by the
thermodynamic stability and kinetic ability of oxide phases from Ellingham diagram at 1000°C
[258, 259]. During the initial transient stage of oxidation, externally formed chromia and
internal oxidation of complex Nb and Ti layer developed mainly due to the kinetic abilities of
Cr+3 and Nb+4 cations in alloy. Thermodynamically chromia is the least favourable oxide to
form among all of them with high partial pressure of oxygen (Po2) of 10-22 atm and less negative
Gibbs free energy (ΔG°) of -523 kJ/mol. As a result, it formed at air/alloy interface where the
Po2 was significantly high (Po2 of 0.21 atm in air). Since the Cr content in IN718 alloy was
much higher than that of Ti, Nb, Mn and Al, the outward diffusion of Cr+3 cations dominated
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Figure 6.15. Line scanning profiles of HA samples after 1000°C exposure for 100 h.
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the diffusion process and developed the chromia scale externally. On the other hand, both Ti+4
and Nb+4 cations have strong affinity towards oxygen anions (O-2) in the formation of rutiletype TiO2 (0.3 x 10-27 atm, -667.44 kJ/mol) and NbO2 (0.5 x 10-23 atm, -564.84 kJ/mol).
However, in this present study, a complex Nb-rich Ti0.67Nb1.33O4 phase formed instead of TiO2
and NbO2 underneath chromia scale which was also observed for Nb containing alloys in
previous studies [106, 118]. The thermodynamic data for this Nb-rich complex oxide is
unknown, but the presence of this oxide in the alloy indicated that it was thermodynamically
more stable than TiO2 and/or NbO2. Due to the low solute content of Ti and Nb, O-2 anions
dominated the diffusion process and thus it grew internally. Alumina phase is the most stable
oxide (10-34 atm, -836.8 kJ/mol) at 1000°C and formed internally within the IN718 alloy as
discrete islands due to its low concentration. As the oxidation time increased, the chromia scale
increased further to slow down the oxidation process as the scale growth became diffusion
controlled of cations and anions through the scale. However, Ti+4 [108, 260] and Mn+2 [108,
260, 261] cations possess greater lattice diffusivity through chromia scale than Cr+3 cations
resulting the formation of outermost thin layer of TiO2 and spinel MnCr2O4 (-1189.4 kJ/mol)
phases.
6.4. Conclusions
The effects of modified heat-treatment cycle and high-oxidation temperature on the
microstructural evolution, mechanical and chemical properties of WAAM IN718 superalloys
were extensively investigated in this work. The following conclusions can be drawn:
1. The modified heat-treatment used in this study was successfully eliminated the deleterious
laves phases and Nb-enriched eutectic γ phase in IDR and re-distributed the beneficial Nb
solute elements into the matrix.
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2. Severe grain coarsening occurred in HA samples due to the initially formed large columnar
grain of AF samples without affecting the strong epitaxial texture during the heat-treatment
process.
3. WAAM IN718 alloys showed weak anisotropic properties in both AF and HA conditions.
The HA samples showed superior mechanical properties to cast IN718, but inferior to
commercial IN718 alloys (HAP) due to the ineffective grain size hardening mechanism
negatively affected the precipitation strengthening aspects of γ″ and γ′ phases.
4. The fracture mechanism was found to be intragranular or transgranular ductile failure mode
due to the nucleation, growth and coalescence of micro-voids at carbides particles.
5. The high-temperature oxidation study of WAAM IN718 superalloys at 900-1000°C
revealed that the oxidation kinetics were independent of heat-treatment process and
followed the parabolic rate law forming a protective chromia scale externally at the air/alloy
interface.
6. The parabolic oxidation process was controlled by the diffusion of oxygen anions and metal
cations through chromia scale. The internal oxidation of Nb-rich complex Ti0.67Nb1.33O4
phase and subscale of alumina phase was observed due to the high thermodynamic stability
of Ti, Nb and Al-oxides at low Po2. The formation of internal oxide scale was found to be
independent of oxidation time at 1000°C.
7. The formation of outermost thin layer of rutile-TiO2 and spinel-MnCr2O4 at the air/scale
interface was found to be time dependent and observed after long exposure time (at least
24 h) due to the lattice diffusion of Ti+4 and Mn+2 cations through chromia scale.
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Chapter 7: Hot-deformation behaviour and microstructural evolution of
wire-arc additively fabricated Inconel 718 superalloy
7.1. Introduction
The WAAM-fabricated IN718 superalloy parts were found to develop directionally solidified
large columnar grains of cubic austenite (γ) matrix along the build-up direction (BD) with
strong {100}〈001〉 (Cube) texture [19, 29] and micro-segregation [19]. It was analogous to ascast conditions [56] that needed to be homogenized at high-temperature to eliminate the
elemental segregation and revert the beneficial elements to γ-matrix. This would result an
extremely coarse microstructure providing inferior mechanical strength in comparison with the
wrought IN718 products [19]. In reality, IN718 superalloy parts are mostly used in wrought
conditions for static and rotating engine components (e.g. turbine engine disks, rotors and
shafts) where the mechanical strength, fracture toughness, fatigue strength and crack-growth
resistance are more important than that of creep resistance for turbine blades and vanes [3, 99,
262]. Thus, it is necessary to subject homogenized WAAM-built IN718 parts through suitable
thermomechanical deformation processes in order to alter the grain size, shape and texture.
Due to the high work hardening tendency of Ni-based superalloys, the high-temperature
deformation processes are generally required to refine the grain structure via dynamic
recrystallization mechanism and enhance the properties with identical or superior performance
levels to its wrought counterparts [99].
In this regard, the solid-state hybrid manufacturing techniques can be considered as viable
alternatives for conventional multi-steps deformation processes to produce near-net shaped
components with refined microstructure and desired properties. The hybrid manufacturing
processes are established to combine AM techniques with conventional forming processes and
take the benefits from both methods. It is essentially a two-step fabrication process. A near-net
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shape 3D-printed part was fabricated using AM process which was subsequently treated by a
conventional hot-forming process. This would result in grain refinement to enhance the
mechanical properties of AM parts in comparison with its as-fabricated conditions and also
provide significant reduction in production-related cost, lead-time and material wastage as
compared to the conventional forming processes [263, 264].
The concept of using hybrid manufacturing techniques in the modification of grain structure
for AM-built IN718 parts has been reported in couple of studies. Mostafa et al. [37] reported
the effects of strain rate and temperature on the plastic flow behaviour and grain refinement of
homogenized and selectively laser melted (SLM) IN718 alloy during uniaxial hot compression
testing. It was found that increasing the strain rate or decreasing the temperature yielded finer
recrystallized microstructure via dynamic recrystallization (DRX) mechanism. A more
uniformly distributed recrystallized microstructure was observed at low strain rate and high
temperature conditions via DRX and dynamic recovery (DRV) softening mechanisms. The
only work available in literature on the thermal deformation of WAAM-fabricated IN718
samples has recently been conducted by Lan et al. [30]. They have studied the influence of
sample orientation on the evolution of refined microstructure during hot working conditions
for homogenized and WAAM-built IN718 samples. It has been found that the microstructural
uniformity of recrystallized grains is directly related to the relationship between sample
orientation and compression direction (CD). A more uniform recrystallized structure is
observed at CD⊥BD due to the large aspect ratio of columnar grains which can be regarded as
the preferable orientation relationship for WAAM-fabricated IN718 parts during hot
deformation process. It is to be understood that the hot-deformation process is controlled by
thermal activation. Thus, the Arrhenius equation-based constitutive model can be developed to
express the dependence of peak flow stress on strain rate and temperature in order to determine
the apparent activation energy and predict the peak flow stress during deformation conditions
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which will be beneficial for mathematical modelling or simulation of hot workability of
WAAM-built IN718 parts [265-267]. In this research work, the effects of strain rates and
temperatures on the serrated plastic flow behaviour, recrystallized microstructural evolution
and texture of homogenized WAAM-built IN718 parts were investigated under uniaxial hotcompressive condition. A constitutive model was developed to predict the flow stress in
relation to strain rate and temperature, and the activation energy of the deformation process
was evaluated.
7.2. Experimental procedures
7.2.1. Raw materials, experimental setup and sample preparation
A single bead multi-layered wall of 15 layers was fabricated using a commercial Inconel 718
(IN718) wire (1.2 mm in diameter) onto a wrought IN718 substrate (200 x 50 x 6 mm 3). The
deposition was performed using a custom-made welding setup which was a semi-automatic
lathe machine as shown in Figure 7.1. A tungsten inert gas (TIG) torch was used as the heating
source which was equipped with a constant-current power source, a water-cooling unit, a wire
supplying unit and an argon gas supplying device. During deposition, the wire feeder and the
deposited wall surface were maintained at an angle of 30° to ensure uninterrupted supply of
wire into the molten pool. The distance between the torch and the wall surface during
deposition was maintained 3.5 mm to create a stable arc with adequate heat input and voltage.
The process parameters used in the fabrication of IN718 wall were as follows: direct current
electrode negative (DCEN) polarity, arc current of 180 A, voltage of 14 V, welding speed of
100 mm/min and wire feed speed of 3000 mm/min. In order to eliminate the micro-segregation
effects, the as-fabricated (AF) build-wall was homogenized at 1100°C for 1 hr and air-cooled
(denoted as HA). The chemical composition of the starting materials and HA sample was
determined by energy dispersive X-ray spectroscopy (EDS) and is listed in Table 7.1. An EDM
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wire-cutter machine was used to extract the cylindrical samples of dimensions of 8 mm in
diameter and 12 mm in height for hot-compression testing. The samples were collected along
the welding direction (WD) and the build-up direction (BD) in such a way that the long-axes
(12 mm height) of the cylindrical specimens and the compression directions were in parallel
with WD and BD of the homogenized IN718-built part, respectively. The collected samples
along the WD and BD were denoted as horizontal (H) and vertical (V), respectively.
Table 7.1. The chemical composition of as-received materials and HA sample used in this
study.
Elements

Chemical composition in weight %
Wire

Substrate

HA sample

Ni

50.7 ± 0.2

51.6 ± 0.1

50.1 ± 0.5

Cr

18.5 ± 0.3

19.4 ± 0.2

18.2 ± 0.2

Fe

19.0 ± 0.2

17.9 ± 0.2

18.6 ± 0.01

Nb

5.1 ± 0.2

5.4 ± 0.1

5.34 ± 0.6

Mo

3.2 ± 0.1

3.2 ± 0.1

3.3 ± 0.3

Ti

1 ± 0.1

1.0 ± 0.1

1.1 ± 0.2

Al

0.7 ± 0.04

0.5 ± 0.1

0.7 ± 0.01

Cu

1.6 ± 0.2

0.8 ± 0.4

2.5 ± 0.3

Si

0.1 ± 0.04

0.1 ± 0.04

0.2 ± 0.1

Mn

0.2 ± 0.1

0.02 ± 0.02

0.04 ± 0.1
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7.2.2. Hot compression testing
A Gleeble 3500 thermo-mechanical simulator was used to perform hot-compression tests under
constant strain-rate conditions for both H- and V-orientated samples. The cylindrical samples
were conductively heated to 1000, 1050, 1100 and 1150°C at a heating rate of 2°C/s, soaked
for 120s and compressed at a constant strain rate of 0.01s-1 to a height reduction of 80%, and
then rapidly cooled by water. These tests were conducted to study the effects of hotdeformation temperatures and sample orientations on the serrated flow stress and the extent of
recrystallization towards grain refinement of homogenized and wire-arc additively
manufactured (WAAM) IN718 alloy during uniaxial hot compression testing. Based on the
results obtained from these tests, the effects of strain rates on flow stress behaviour and
microstructure evolution were also studied for only H-orientated samples at a higher strain rate
of 0.1s-1 for 1100 and 1150°C conditions, and compared with the results for 0.01s-1 conditions.
During the compression experiments, a layer of graphite foil and a thin layer of tantalum sheet
(0.1 mm) were glued together on the circular ends of the samples. The purpose of graphite
layers was to provide lubrication between anvils and sample, while the tantalum sheet was used
to isolate the graphite from the sample surface in order to prevent carbon diffusion to the
sample.
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Figure 7.1. The WAAM setup used to fabricate IN718 superalloy part.
7.2.3. Microstructural analysis
The homogenized and hot-deformed samples were sectioned using a SiC Bakelite bond cut-off
wheel with an efficient coolant to avoid heat generation in the sample surface. The plane
sections of BD-WD for V-orientated samples and TD-WD for H-orientated samples were
considered for microstructural analyses. Then the samples were hot-mounted, grounded,
polished and etched electrolytically with 10wt.% oxalic acid solution at 6V for 10s [167]. The
preliminary microstructural analyses were conducted using optical microscopy and scanning
electron microscopy, SEM (JEOL JCM-6000 and JEOL JSM-6490LA). For electron
backscatter diffraction (EBSD) experiments, the TD-WD planes of H-orientated samples were
mechanically polished up to 5% oxide polishing suspension (OPS) of colloidal silica. The
EBSD tests were performed in a field emission gun SEM setup (JEOL JSM-7001F) equipped
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with high resolution Nordlys II(S) camera and the data were collected using an AZtecHKL
software suite operating at 15 kV and 5 nA probe current. A step size of 2 µm was used to
acquire map for undeformed and homogenized sample, while 1 µm step size was used for
deformed samples (1150°C, 0.01s-1 and 1150°C, 0.1s-1). The HKL-Channel 5 software suite
was used to post-process the EBSD maps by removing unindexed and incorrect pixels via noise
reduction process. Then, the clean-up EBSD maps were used to analyse the grain diameter,
misorientation angle distribution and micro-texture of the samples.
7.3. Results and discussion
7.3.1. The influence of sample orientation and process parameters on flow stress and
microstructure
The compressive flow stress curves of homogenized and hot-deformed WAAM-fabricated
IN718 samples with different orientations and temperatures were compared at a constant strain
rate of 0.01s-1 as shown in Figure 7.2. All stress-strain curves showed a typical discontinuous
plastic flow (serrated yielding) behaviour after a critical amount of strain as a result of the
Portevin-Le Chatelier (PLC) effect. This phenomenon was found to be associated with the
concept of dynamic strain aging (DSA) at elevated temperatures during deformation processes
that described the competition between arresting dislocations by solute atoms (stress rise) and
breaking free of the dislocation stoppage (stress drop) [268, 269]. At the start of hotdeformation process, the density and velocity of mobile dislocations were low. As the
deformation continued to strain the material, these dislocations could be arrested by the
obstacles (solute atoms, precipitates, immobile dislocations such as sessile and forest
dislocations) in the glide path. Due to the high-temperature thermal activation, the solute atoms
became mobile enough to diffuse to these arrested dislocations and formed a solute atmosphere.
At the same time, the arrested dislocations would wait to get released to move away from the
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solute atoms and obstacles which was known as the arresting or waiting time. If the waiting
time was long enough, the nearby solute atoms would catch up to pin these dislocations and
strengthen the obstacles. This critical waiting time was defined as the aging time. If the time
required to arrest a dislocation (waiting time) was shorter than that of the time required to lock
the arrested dislocation by diffusing solute atoms (aging time) during straining, then the
arrested dislocation would not be locked by solute atoms and the stress-strain flow curve would
be continuous in the plastic region. However, as the material strained, dislocation density
would increase, dislocation interactions would increase, the mobility of dislocations would
decrease and the waiting time would increase. At the same time, the vacancy concentration and
mobility of solute atoms would also increase and the aging time would decrease. Eventually,
the deformation of material would reach a critical strain value where the waiting time would
be equal to the aging time to lock the arrested dislocations and the serrated yielding started to
show in the stress-strain curve. Under normal behaviour, the critical strain values for the onset
of serrated flow were found to decrease with increasing temperature and/or decreasing strain
rate [269]. From Figure 7.2, the values of critical strain were determined to be 0.06, 0.044,
0.041 and 0.02 for H-orientated samples and 0.054, 0.042, 0.05, and 0.04 for V-orientated
samples at 1000, 1050, 1100 and 1150°C, respectively. These results showed that the critical
strain values were decreasing with increasing deformation temperatures indicating the normal
serration behaviour of WAAM-fabricated IN718 superalloys. The serrated flow curves in
Figure 7.2 showed sharp stress drops without having any noticeable general level of flow-stress
behaviour as result of the unlocking of arrested dislocations by forming non-propagating
deformation band at random locations. This type of behaviour is identified as type-C serration
[270]. Due to the fast movement of solute atoms at high-temperatures, solute atoms could
immediately catch and pin the unlocked dislocations resulting in stress increment and work
hardening. It is also to be noted that the intensity of repeated oscillations of stress drop was
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higher at low strain level than that of high strain level. Moreover, the serrated flow behaviour
showed little work hardening at high strains which was the characteristic behaviour of Type-E
serration [270]. So, the hot-deformation of WAAM-fabricated IN718 superalloys showed a
Type-C serration plastic flow behaviour at low strains for high-temperatures and low-strain
rate conditions. As a result, the type of serrated behaviour could be considered to be
independent of sample orientations or temperatures under the present experimental conditions
(Figure 7.2).

Figure 7.2. The true stress-true strain curves of homogenized IN718 superalloys fabricated by
WAAM process under different orientations and hot-deformed temperatures at a strain rate of
0.01s-1.
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From Figure 7.2, it can be observed that the flow stress of hot-deformed samples initially
increased (work-hardening) with continued straining, and then gradually started to decrease
(dynamic restoration) in order to reach a steady-state flow stress condition at high strain
regions. Such characteristics of flow-stress behaviour in this study were found to be consistent
with the literature for AM-processed IN718 [30, 37] or other Ni-based superalloys [271, 272].
The shape of the flow curves can be useful to understand the competing micro-mechanisms of
work-hardening and dynamic restoration (softening) during hot-deformation process. The
stress relaxation occurs during dynamic softening due to the processes of dynamic recovery
(DRV) and dynamic recrystallization (DRX). At the beginning of the deformation stage, the
generation, multiplication and interaction of dislocations were dominant to cause the obvious
work hardening and increased the flow stress. The process of DRV involves dislocation
annihilation and rearrangement in the formation of low angle grain boundaries (LAGBs) and
sub-grains via dislocation glide, climb and cross-slip. Being a Ni-based superalloy, the stacking
fault energy of IN718 was relatively low and the softening by DRV was weak to counteract the
work hardening. Hence, the dislocation density and flow stress continued to increase until the
deformation strain reached a critical strain. This was the onset of DRX which was occurred
just before the peak stress of the flow curve. The dynamically formed recrystallized grains were
originated by the nucleation and growth processes at the high angle grain boundaries (HAGBs).
As a result, the DRX mechanism occurred in the expense of the annihilation of dislocations
and induced the softening. Finally, a dynamic equilibrium between the rates of work hardening
and softening (DRV and DRX) was achieved at high strain deformation regions which yielded
a steady-state flow behaviour of stress [125, 129, 271]. It is evidently clear from Figure 7.2 that
the flow stress behaviours of WAAM-fabricated IN718 alloys during hot-deformation
processes were not sensitive to the sample orientation. It was reported by Lan et al. [30] that
the activation of slip systems was independent of the sample orientation in WAAM-processed
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IN718 alloys during hot-deformation processes. Due to the high cubic symmetry of the 12 slip
systems of {111}〈11̅0〉 in FCC Ni-based IN718 superalloys, H- and V-orientated samples were
found to show high similarity in Schmid factor and yielded identical flow stress behaviour
during deformation. On the other hand, the flow stress behaviours were found to be strongly
dependent on the hot-deformation temperatures under constant strain-rate condition. As the
deformation temperatures increased, the flow stress decreased. The thermal activation of the
atomic diffusion of solutes would increase and the critical resolved shear stress of slip systems
with the largest Schmid factor would decrease. This would ease the movement of dislocations
for easy crystal slip and reduce the flow stress [273].
The microstructures of HA-treated WAAM IN718 samples before and after the hotdeformation testing are shown in Figures 7.3 and 7.4, respectively. The effect of
homogenization-annealed (HA) treatment on the microstructural evolution is shown in Figure
7.3. In case of as-fabricated (AF) condition, coarse grains of austenite (γ)-matrix with
columnar-dendritic morphology were seen to develop epitaxially in parallel with BD (plane
section BD-WD) which was the path for the highest thermal dissipation rate (Figure 7.3a).
However, the grains were found to be equiaxed shape in plane section of TD-WD (Figure 7.3b).
As the WAAM is a high energy input and slow cooling rate process, the micro-segregation of
solute elements (especially Nb) precipitated out TiC in Nb-depleted dendritic core region, and
NbC and laves phases in Nb-enriched interdendritic region as shown in the inserted highmagnification image. This compositional heterogeneity in the evolution of microstructure was
analogous to as-cast condition which required proper heat-treatment to dissolve the
unnecessary laves constituents and redistribute Nb concentration uniformly in the γ-matrix
[56]. After the homogenization treatment, the morphology of grains was found to be identical
as in case of AF condition. The columnar-dendritic morphology was seen to be preserved for
grains in plane section BD-WD (Figure 7.3c) and the grains in TD-WD section were found to
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be in equiaxed shape (Figure 7.3d). The severe grain coarsening of HA samples was observed
due to the application of the high-temperature heat-treatment cycle. The HA cycle completely
dissolved laves phases and equilibrated the matrix composition eliminating the solute-enriched
interdendritic region. Due to the high dissolution temperatures, TiC and NbC precipitates were
found to be undissolved by the homogenization temperature [56, 91].

Figure 7.3. The cross-sectional optical micrographs of as-fabricated (AF) and homogenizedannealed (HA) WAAM IN718 samples: plane sections parallel to BD for (a) AF and (c) HA;
and plane sections perpendicular to BD for (b) AF and (d) HA.
The effects of temperatures and sample orientations on the grain refinement of WAAMfabricated IN718 superalloys are shown in Figure 7.4. Under constant strain rate condition,
increasing the temperature accelerated the dynamic recrystallization process during hotdeformation. Under high-flow stress conditions (Figures 7.4a, e), the extent of recrystallization
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was low. The microstructures were largely consisted of deformed grains with a small fraction
of DRX grains forming at the HAGBs of the original structures. The partial DRX at the old
HAGBs yielded a necklace recrystallized microstructure due to the large difference of grain
sizes between the initial and recrystallized microstructures [125]. As the deformation
temperature increased, the fraction of DRX increased with the nucleation of new recrystallized
grains at the HAGBs of the growing grains which gradually thickened the necklace
microstructures (Figures 7.4b, c, f, g). Due to the continued straining of the material during
hot-deformation process, the dislocation density inside the newly recrystallized grains
increased. This would create a situation where the nucleation of further grains became more
favourable than that of the growth of the recrystallized grains at the migrating high angle
boundaries. As a result, the growth of recrystallized grains was stopped and the thickening of
necklace-type microstructure was occurred by consuming the original deformed grains nearby
at the HAGB regions. This phenomenon was assumed to occur due to the bulge mechanism of
migrating grain boundaries which was closely related to strain-induced grain-boundary
migration [125, 274]. Finally, a near-complete recrystallized microstructure was observed with
some un-recrystallized and deformed coarse grains under low-flow stress conditions as shown
in Figures 7.4d, h. The recrystallized grain sizes were also found to increase with increasing
the deformation temperatures. The high deformation temperatures would increase the transfer
of atoms within grains adjacent to the grain boundary and increase the driving force for the
grain boundary migration. Thus, increasing the deformation temperatures would provide more
energy to accelerate the nucleation and growth of DRX process [125, 271, 275].
It was discussed earlier that the flow-stress behaviour was not dependent on the sample
orientations under the identical hot-working conditions (Figure 7.2). On the contrary, the
microstructural uniformity and the extent of DRX were found to vary with the sample
orientations as shown in Figure 7.4. The V-orientated samples showed less microstructural
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uniformity in the evolution of dynamically recrystallized grains in comparison with the Horientated samples under the same hot-deformation condition. When the V-orientated samples
were compressed along the BD, the large deformed original grains were flowing along the
horizontal direction (WD) as the necklace recrystallized microstructure was formed along the
deviated HAGBs of the original grains (Figures 7.4a-c). On the other hand, in the compressed
H-orientated samples shown in Figures 7.4e-g, the deformed original grains were much smaller
and the fraction of recrystallization was found to be higher in comparison with the V-orientated
samples. At 1150°C and 0.01s-1 condition, the H-orientated sample (Figure 7.4h) yielded less
no of deformed original grains randomly distributed throughout the structure with higher
fraction of DRX than that of V-orientated sample (Figure 7.4d). Thus, a higher microstructural
uniformity of WAAM-fabricated IN718 parts can be achieved by an industry-led thermomechanical deformation process under low flow-stress condition when the preferred direction
of deformation was perpendicular to the longitudinal axis of columnar grains. A similar
observation was also reported by Lan et al.[30]. Due to the very large dimension of columnar
grains along the BD, the ratio of shortest to longest dimension (aspect ratio) would be much
lower for V-orientated samples than that of H-orientated samples as shown in Figures 7.3c-d.
Under the same hot-deformation condition, the distance required to perform the DRX process
along BD for V-orientated samples would be larger than that of H-orientated samples. As a
result, the time required to continue DRX process would increase. If the deformation condition
was not slow enough to continue the DRX process, the coarse original columnar grains would
retain in the microstructure and the microstructural uniformity would decrease. Thus, the
sample orientation based on the original grain shape should be considered in order to achieve
a more uniform recrystallized microstructure during hot-deformation process.
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Figure 7.4. The microstructure of hot-deformed samples under different orientations and
temperatures at a strain rate of 0.01s-1: (a) 1000°C, (b) 1050°C, (c) 1100°C, (d) 1150°C for Vorientated samples, and (e) 1000°C, (f) 1050°C, (g) 1100°C, (h) 1150°C for H-orientated
samples.
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Apart from temperature and sample orientation, the influence of strain rate on flow stress
behaviour and microstructural uniformity of WAAM IN718 alloys should also need to be
addressed and understood during hot-deformation process [37, 271, 276]. The serrated flowstress behaviour of WAAM-fabricated IN718 superalloys was found to be less sensitive to the
strain rate than that of temperature during the deformation process as shown in Figure 7.5. At
a constant temperature, increasing the strain rate would rapidly strain the material and increase
the effective stress acting upon the mobile dislocations. This would increase the mobility of
dislocations flow and reduce the waiting time. On the other hand, the diffusion of solute atoms
would remain to be the same at a constant temperature and could not catch up with the fast
motion of dislocations to lock them out resulting longer aging time. Therefore, it would provide
weak dynamic strain aging (DSA) effect causing less repetitive oscillations in stress-drop
(serration) on the stress-strain curves. It was also the same reason that the value of serration
amplitude or stress-drop was lower at high strain rate (0.1 s-1) conditions than that of at low
strain rate (0.01 s-1) conditions under a constant test temperature as shown in Figure 7.5. The
magnitude of stress-drop was determined by the pinning strength of solute atoms of
dislocations which was found to be weak at high strain rate conditions [270]. Furthermore, the
effect of strain rate was more prominent to influence the flow stress (mechanical properties)
value than that of temperature. As for example, in the case of increasing the strain rate value
from 0.01 to 0.1s-1 at a constant temperature of 1100°C, the maximum peak stress was found
to increase by 60% (from 114.6 to 182 MPa). On the other hand, under a constant strain rate of
0.1s-1, a decrease in temperature from 1150 to 1100°C would increase the peak flow stress by
41% (from 128.8 to 182 MPa). Under the present experimental conditions, it can be concluded
that the largest flow stress was obtained by decreasing the deformation temperature and
increasing the strain rate, and vice versa. As the deformation process continued to strain the
material at a constant temperature, increasing the strain rate would increase the density of
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dislocations and build up sufficient stored energy in the system. But, the deformation time was
fast and limited during the high strain rate conditions and the dynamic restoration processes
via DRV and DRX micro-mechanisms were not effective enough to counteract the dominant
effect of work hardening. As a result, the flow stress value increased with increasing strain rate
under a constant hot-working temperature during deformation [129].

Figure 7.5. The effects of strain rates on serration and mechanical properties (flow stress) for
H-orientated WAAM IN718 samples compressed to a 1.6 true strain.
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Figure 7.6 shows the effects of strain rates and temperatures on the microstructural uniformity
in the evolution of recrystallized grains for H-orientated WAAM IN718 samples compressed
to a true strain of 1.6. With the help of the flow stress curves shown in Figure 7.5, it can be
generalized that the lower flow stress condition (higher temperature and lower strain rate)
yielded more uniform refined grain structure than that of higher flow stress level (lower
temperature and higher strain rate). As shown in Figure 7.6c, the original large equiaxed grains
(Figure 7.3d) were mostly replaced by the fine equiaxed DRX grains after hot-deformation
process at 1150°C and 0.01s-1. As a result, an incomplete DRX microstructure was achieved
with a mixture of fine recrystallized and large deformed original grains. When the strain rate
was increased to 0.1s-1 at 1150°C, the non-uniformity of DRX microstructure was also found
to increase providing much finer recrystallized grains along with much larger deformed
original grains (Figure 7.6d). Also, the amount of deformed original grains were found to
increase and these grains were elongated in shape. Thus, the degree of DRX was decreased
with increasing strain rate. As we discussed earlier, increasing temperature under a low strain
rate condition increased the degree of DRX process due to the sufficient time and energy for
the faster atomic movement and grain boundary migration. On the contrary, increasing the
strain rate during the deformation process would definitely increase the dislocation density and
thus provide sufficient energy in the system to initiate the nucleation of DRX nuclei at HAGBs
of original grains. However, the deformation time required for the growth of DRX nuclei was
not sufficient to consume the original grains. Therefore, the microstructure was found to be
more heterogeneous at high strain rate conditions. So, under the present experimental
conditions, a more near-complete DRX microstructure was achieved after hot-deformation
process of WAAM-built IN718 alloys at 1150°C and 0.01s-1 (Figure 7.6b). It has been recently
reported that a complete DRX microstructure of homogenized WAAM IN718 samples can be
achieved after hot-deformation process even at 1100°C deformation temperature applying a
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much lower strain rate of 10-3s-1 [30]. In literature, Mostafa et al. [37] obtained a complete
DRX microstructure of heat-treated SLM-printed IN718 samples even at lower temperature
and strain rate conditions of 1050°C and 0.01s-1. The original grain size of SLM-printed IN718
samples was finer than that of WAAM-built samples due to the high cooling rate. As a result,
the DRX process might have sufficient time and energy for nucleation and growth of
recrystallized grains in order to completely consume the entire original grains of SLM-printed
samples. Thus, the uniformity of DRX microstructure and deformation conditions are
intricately related to the morphology and size of original grains, and the low flow stress
processing conditions are found to be the best choice to produce uniform microstructure.

Figure 7.6. The effects of strain rates and deformed temperatures on the grain refinement of
H-orientated IN718 samples.
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7.3.2. Micro-texture and grain size analyses
The influence of hot-deformation conditions on the evolution of crystallographic orientation
(texture), grain boundary misorientation angle (the degree of HABGs) and grain size
distribution were analysed by EBSD maps and the results were compared with undeformed HA
conditions. The deformation conditions were selected on the basis of the evolution of nearcomplete DRX microstructures as shown in Figures 7.6b, d, and these were: 1150°C, 0.01s-1
and 1150°C, 0.1s-1, respectively. Figure 7.7 shows the EBSD orientation color-coded maps of
<001>, <101> or <111> crystal axes corresponding to the stereographic triangle inverse pole
figure (IPF) colouring scheme (full red, green and blue) with respect to the sample coordinate
axes. Specifically, IPF color-coded EBSD maps say that the crystal orientation in a grain will
be presented in <001> crystal direction parallel to a sample coordinate axis of interest if the
colouring of pixels in the grain is found to be only red. As a result, IPF-based maps are
considered to be independent of crystal rotation about sample coordinate axis of interest [277].
This limitation can be mitigated by considering multiple IPF-colouring maps with respect to
coordinate axes. As for example from Figure 7.7a, the pointed grain or crystal with the black
arrow gives green colour which indicates the crystal is orientated along <101> direction parallel
to both plane horizontal (X0) and plane vertical (Y0) sample axes. But, the crystal orientation
along plane normal (Z0) axis shows red pixel colour giving <001> type crystal direction in
parallel with Z0 sample axis due to the rotation of cubic Ni-crystal about Z0 sample axis. From
Figure 7.7a, the homogenized WAAM-built IN718 parts showed random crystallographic
orientation of grains due to the lack of consistent colouring in the X0 and Y0 sample coordinate
axes and strong fibre texture of <001> ║ Z0 sample axis due to the abundance of grains giving
red colour in the IPF map. The <001> ║ Z0 surface normal fibre texture is corroborated by the
{100} pole figure (PF) and surface normal (Z0) projected IPF map in Figure 7.8a. The presence
of a dominant cube texture component {100}<001> in heat-treated WAAM IN718 alloys was
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also reported in literature [19, 29]. During the solidification of cubic material, the formation of
columnar grains proceeded in the preferred <001> crystallographic direction (texture) which
was parallel to their long axes as well as to the direction of the maximum thermal gradient. The
transfer and adherence of atoms from molten liquid to the solidified crystal would prefer the
less close-packed planes of {100} as these planes possess large interatomic voids in order to
attract more atoms from liquid and grow faster [278]. After the hot-deformation processes, a
heterogeneous microstructure of recrystallized and deformed (un-recrystallized) grains was
formed as shown in Figures 7.7b, c and the overall texture intensity was also found to weaken
significantly (Figures 7.8 b, c). The intensity of texture is represented as multiples of uniform
density (× mud) units of a particular crystallographic orientation with respect to sample
coordinate axes. A high value of × mud in the colour coded scheme will indicate the abundance
of grains or crystals having a preferred orientation in relative to the sample geometry. As shown
in Figures 7.8b and c, the intensity of average crystal orientation or texture was reduced to 6.74
and 4.6 × mud under constant hot-deformation temperature of 1150°C for 0.01 and 0.1 s-1 strain
rate conditions, respectively. However, <001> direction was still found to be the dominant
crystal orientation, but not necessarily assigned along surface normal (Z0) sample axis.
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Figure 7.7. The inverse pole figure (IPF) maps showing crystallographic orientation of grains
in homogenized samples at (a) undeformed, (b) 1150°C, 0.01s-1, and (c) 1150 C, 0.1s-1
conditions. The cyan lines indicate misorientation angle boundaries > 2°, and the black lines
represent the misorientation angle boundaries > 15°. The orthogonal sample coordinate axes
during EBSD mapping are represented as surface plane horizontal (X0), surface plane vertical
(Y0) and surface plane normal (Z0) and these are analogous to transverse direction (TD),
welding direction (WD) and build direction (BD) for the H-orientated WAAM-fabricated
samples.
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Figure 7.8. The representation of texture in terms of pole figures (PFs) and inverse pole figures
(IPFs): (a) undeformed, (b) 1150°C, 0.01s-1, and (c) 1150°C, 0.1s-1 test conditions. X0, Y0 and
Z0 represent TD, WD and BD, respectively as shown in Figure 7.7.
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Although PFs (along with IPFs) are useful to provide texture information in a 2D stereographic
projection by accumulating the density of poles (plane normal) of a particular crystal plane
(hkl) in relation to sample geometry, the actual crystal itself is a 3D entity and representing
crystal orientation by PFs using only two angles is incomplete and semi-quantitative at best.
Due to the limited degrees of freedom in describing an orientation in a PF, the results obtained
provide poor resolution in the occurrence of orientation distribution density of texture
components. This limitation can be overcome by using orientation distribution function (ODF)
method that describes the orientation distribution density of a texture component in a 3D Euler
space using three Euler angles to define the 3D crystal coordinates [279] as shown in Figure
7.9. A graphical representation and a quantitative analysis of various texture components found
in fcc metals and alloys are shown in Figure 7.10 and Table 7.2, respectively. In case of
homogenized WAAM IN718 (undeformed) sample, the solidification texture was mainly
found to be composed of cube ({100}<001>), cube║ND ({001}<310>) and rotated cube
({001}<110>) texture components. This result is well-complimented in explaining the
rotational symmetry of cubic crystals (Figure 7.7) and thus, can be considered as a more
accurate description of material texture in comparison with the PFs and IPFs in Figure 7.8. On
the other hand, the hot-deformed samples showed relatively weak overall texture than that of
undeformed sample. The cube-type orientation of cube║RD ({013}<100>) became dominant
along with weaker intensities of rotated goss ({011}<011>), cube twin ({122}<212>) and S
({123}<634>) orientations.
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Figure 7.9. The orientation distribution function (ODF) method to understand the presence of
texture components for (a) undeformed, (b) 1150°C, 0.01s-1, and (c) 1150°C, 0.1s-1 samples
using ϕ2 = 0°, ϕ2 = 45° and ϕ2 = 65° sections.
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Figure 7.10. EBSD color-coded maps showing the presence of various texture components in
cubic (fcc) Ni-crystal system: (a) undeformed, (b) 1150°C, 0.01s-1, and (c) 1150°C, 0.1s-1 test
conditions. The red lines indicate LAGBs (2°-15°), and the black lines represent HAGBs (>
15°). The maximum deviation of the real cubic crystal from ideal condition in Euler space
representing a particular texture component was considered to be 20°.
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Table 7.2. The common texture components in fcc metals and alloys [280], and their relative
amount found in the present study for different conditions.
Texture

Euler angles

component

Miller

Fibre

Relative amount in %

indices
ϕ1

Φ

ϕ2

Cube

0/45

0

0/45

{100}<001>

Cube ║ND

22

0

0/90

Rotated cube

0/90

0

Cube ║RD

0

Goss

Undeformed

1150°C,0.01s-1

1150°C, 0.1s-1

-

21.2

8.46

5.7

{001}<310>

-

42.7

12.1

9.31

45

{001}<110>

τ

29.4

8.55

3.73

22

0/90

{013}<100>

-

2.2

13.5

20.2

90

90

45

{110}<001>

α/τ

0.08

2.33

2.07

Brass

55

90

45

{110}<112>

α/β

0.18

1.17

4.19

Copper (Cu)

90

35

45

{112}<111>

τ/β

0.06

3.91

3.05

Cube twin

27/63

48

27/63

{122}<212>

-

1.22

6.94

6.8

Rotated goss

0

90

45

{011}<011>

α

0.234

5.22

12.2

G/B

74

90

45

{110}<115>

α

0.385

3.33

5.28

S

59

37

63

{123}<634>

β

0.578

6.23

7.17
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The influence of deformation conditions on the evolution of near-complete DRX structure was
evaluated from EBSD data (Figure 7.7) by measuring the recrystallized grain size and grain
boundary misorientation angles as shown in Figure 7.11. Under a constant hot-deformation
temperature, high strain rate condition (Figure 7.11c) was observed to be more prominent in
grain refinement than that of low strain rate condition (Figure 7.11b). Under the influence of
high strain rate condition, the deformation process was fast and had limited time. This would
restrict the atomic movement and the migration of HAGBs of the nucleated grains. As a result,
a more heterogeneous microstructure was seen to develop under high strain rate condition
containing not only a much refined DRX grains, but also a higher no. of deformed and
elongated original grains (Figure 7.7). The percentage of HAGBs was determined to be 82.04%
and 78.2% at 0.01s-1 and 0.1s-1 strain rates under 1150°C in comparison with the undeformed
condition (64.33%). The higher content of HAGBs in the hot-deformed structures was due to
the generation of dislocation-free new recrystallized grains enveloped in HAGBs by the DRX
process of nucleation and growth mechanisms. As expected, the high strain rate condition
yielded lower % of HAGBs than that of low strain rate condition due to the restraining of the
growth of DRX grains and the presence of high no. of deformed and un-recrystallized original
grains in the microstructure [271]. The mechanism of dynamic recrystallization can be
classified into the following three variants: geometric dynamic recrystallization (GDRX),
continuous dynamic recrystallization (CDRX) and discontinuous dynamic recrystallization
(DDRX). GDRX is involved with the formation of small equiaxed grains of interpenetrating
HAGBs under large strain condition. Thus, this type of DRX mechanism is not possible in the
present study as the true deformation strain used was only 1.6 [271, 281]. CDRX is
characterized by the progressive rotation of sub-grains adjacent to pre-existing grain
boundaries during straining due to the restriction of dislocation motion by either a lack in slip
systems or by solute drag [125]. It was reported that CDRX mechanism would cause an
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increase in the fraction of 10°-15° misorientation under high-temperature deformation [271].
In the present study, the % of LAGBs having misorientation angles of 10°-15° was very low
and were found to be 1.58% and 2% at 0.01s-1 and 0.1s-1 strain rates. Thus, CDRX mechanism
can not be considered as an active grain refinement process. As a result, DDRX mechanism is
the dominant deformation process providing high % of HAGBs which involves the annihilation
of dislocation density (DRX nucleation) at the migrating grain boundaries by bulging process,
followed by the growth of DRX nuclei into the deformed and un-recrystallized original grains
[125, 271].

Figure 7.11. The histograms of grain diameter and misorientation angle are displayed for (a,
d) undeformed, (b, e) 1150°C, 0.01s-1, and (c, f) 1150°C, 0.1s-1 conditions, respectively.
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7.3.3. The constitutive analysis of hot-deformed WAAM-fabricated IN718 superalloys
During uniaxial hot-deformation process, the flow stress behaviour of true stress-strain curves
for a material is strongly dependent on the applied strain rates and temperatures. These results
are used to construct suitable constitutive equation that correlate the dependency of flow
(peak,𝜎𝑃 ) stress on strain rate and temperature. The validity of the relation is highly dependent
on the accuracy level of predicted flow stresses with the experimental results under different
processing conditions as these equations are the basis for an effective mathematical modelling
or simulation of hot workability of materials. It is well accepted that the Garofalo sinehyperbolic equation with Arrhenius term [282-284] can be used to express the flow stress
dependence of strain rates and temperatures for all stress levels as follows:
𝜀̇ = 𝐴[sinh(𝛼𝜎𝑃 )]𝑛 𝑒𝑥𝑝(−𝑄⁄𝑅𝑇)

(7.1)

Where, 𝜀̇ is strain rate (s-1), A is the pre-exponent factor (s-1), α is stress multiplier (MPa-1), 𝜎𝑃
is the peak stress (MPa), n is the stress exponent (unit-less quantity), Q is the activation energy
of the hot-deformation process for WAAM-fabricated IN718 alloys (J mol-1), R is the universal
gas constant (8.314 J mol-1K-1), and T is the absolute temperature (K). The equation (7.1) can
be expressed by taking natural logarithms on both sides as follows:
𝑙𝑛[sinh(𝛼𝜎𝑃 )] =

1
𝑛

𝑙𝑛𝜀̇ − 𝑙𝑛𝐴 +

𝑄

.

1

𝑛𝑅 𝑇

(7.2)

From equation (7.2), if the value of α is known, the linear regression fitting of 𝑙𝑛[sinh(𝛼𝜎𝑃 )] −
𝑙𝑛𝜀̇ and 𝑙𝑛[sinh(𝛼𝜎𝑃 )] −

1
𝑇

can be performed to evaluate the average values of n and Q. In

order to evaluate α, it is necessary to use the power-law and exponential relation of the flowstress behaviour with respect to strain rates and temperatures during hot-working conditions
and these are given as:
𝜀̇ = 𝐴1 (𝜎𝑃 )𝑛1 𝑒𝑥𝑝(−𝑄⁄𝑅𝑇) 𝑤ℎ𝑒𝑛 𝛼𝜎 < 0.8

(7.3)
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𝜀̇ = 𝐴2 𝑒𝑥𝑝(𝛽𝜎𝑃 )𝑒𝑥𝑝(−𝑄⁄𝑅𝑇) 𝑤ℎ𝑒𝑛 𝛼𝜎 > 1.2

(7.4)

𝛼 = 𝛽 ⁄𝑛1

(7.5)

Where, A1 (𝑠 −1 𝑀𝑃𝑎−𝑛1 ) and A2 (s-1) are pre-exponent factors, n1 is the stress exponent
(dimensionless quantity) and β is stress multiplier (MPa-1). The equations (7.3) and (7.4) can
be rearranged by taking natural logarithms on both sides as follows:
𝑄

𝑙𝑛𝜀̇ = 𝑙𝑛𝐴1 + 𝑛1 𝑙𝑛𝜎𝑃 − 𝑅𝑇

(7.6)

𝑄

𝑙𝑛𝜀̇ = 𝑙𝑛𝐴2 + 𝛽𝜎𝑃 − 𝑅𝑇

(7.7)

Using the equations (7.6) and (7.7), it is seen that the linear interpolation of 𝑙𝑛𝜀̇ − 𝑙𝑛𝜎𝑃 and
𝑙𝑛𝜀̇ − 𝜎𝑃 at different strain rates for a given temperature will be the slopes of n1 and β as shown
in Figures 7.12a, b, respectively. The average slopes of the straight lines were considered to be
the values of n1 and β and determined to be (6.438 ± 0.815) and (0.0347 ± 0.0051) MPa-1,
respectively. Thus, the value of α was found to be 0.00539 MPa-1 using the equation (7.5). As
a result, the plot of 𝑙𝑛[sinh(𝛼𝜎𝑃 )] − 𝑙𝑛𝜀̇ in equation (7.2) at different strain rates for a constant
temperature will provide a straight line with a slope of (1/n). The average of the reciprocal of
the slopes of (1/n) is the value of n which was determined to be 4.855. Similarly, the linear
fitting of 𝑙𝑛[sinh(𝛼𝜎𝑃 )] −

1
𝑇

from equation (7.2) at different temperatures for a constant strain

rate will provide the values of slopes that are equal to the expression of (Q/nR) as shown in
Figure 7.12d. So, the activation energy (Q) of the hot-deformation process for WAAMfabricated IN718 superalloys under the present experimental conditions was determined to be
444.31 ± 33.78 kJmol-1 which represents the energy required to activate or trigger the DRX
process [285]. The obtained value of Q in this study for WAAM-built IN718 parts is wellcomplimented with the literature as the value is in close proximity within the reported range of
373-423 kJmol-1 for wrought and as-cast IN718 parts [285-287].
245

Figure 7.12. The linear regression plots of determining the average values of material constants
in the constitutive equations: (a) slopes of 𝑙𝑛𝜖̇ − 𝑙𝑛(𝜎𝑃 ), (b) slopes of 𝑙𝑛𝜖̇ − 𝜎𝑃 , (c) slopes of
𝑙𝑛𝑠𝑖𝑛ℎ(𝛼𝜎𝑃 ) − 𝑙𝑛𝜖̇, and (d) slopes of 𝑙𝑛𝑠𝑖𝑛ℎ(𝛼𝜎𝑃 ) − (1/𝑇) for n1, β, n and Q, respectively.
In addition, the Zener-Hollomon parameter (Z) is commonly used to represent the hot-forming
behaviour of materials in relation to strain rates and deforming temperatures and can be
expressed as follows [288]:
𝑍 = 𝜀̇𝑒𝑥𝑝(𝑄 ⁄𝑅𝑇)

(7.8)

Substituting the Garofalo sine-hyperbolic function form of equation (7.1) for 𝜀̇ into equation
(7.8) gives,
𝑍 = 𝐴[sinh(𝛼𝜎𝑃 )]𝑛

(7.9)
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Performing natural logarithms on both sides on equation (7.9) gives,
𝑙𝑛𝑍 = 𝑙𝑛𝐴 + 𝑛𝑙𝑛[sinh(𝛼𝜎𝑃 )]

(7.10)

The values of lnZ can be evaluated for different deformation conditions using the equation (7.8)
and the linear regression method was performed in the plot of 𝑙𝑛𝑍 − 𝑙𝑛[sinh(𝛼𝜎𝑃 )] from
equation (7.10) as shown in Figure 7.13a. From this plot, the value of n was re-evaluated to be
4.846 from the slope and the intercept yielded lnA which gave the value of A (6.438 x 1015 s-1).
Therefore, the constitutive formula for WAAM-fabricated IN718 superalloys using equations
(7.8)-(7.9) can be expressed as follows:
𝑍 = 𝜀 ̇ 𝑒𝑥𝑝(444309.94⁄𝑅𝑇) = 6.438 × 1015 [sinh(0.00539𝜎𝑃 )]4.85

(7.11)

In order to verify the accuracy level of constitutive formula developed for WAAM-built IN718
alloys, the equation (7.11) can be re-arranged in the following way to predict the peak flow
stress values for the investigated strain rates (0.01-1s-1) and temperatures (1273-1423K):
1

𝑍

𝜎𝑃 = 0.00539 sinh−1 [(6.438×1015 )

1⁄
4.85

]

(7.12)

The correlation between the predicted peak flow stresses using equation (7.12) and the
experimental peak flow stresses was shown in Figure 7.13b. It is seen from Figure 7.13b that
a high correlation coefficient (R2) of 0.9819 was observed with the average absolute relative
error of 1.154%. Thus, a good agreement between the predicted and experimental peak stresses
was found under the present experimental conditions for WAAM-built IN718 superalloys.
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Figure 7.13. (a) The fitting plot of 𝑙𝑛𝑍 − 𝑙𝑛𝑠𝑖𝑛ℎ(𝛼𝜎𝑃 ) to calculate the A value and to reevaluate the n value, and (b) Correlation between experimental and predicted peak flow stresses
to testify the validity of the constitutive equation.
7.4. Conclusions
In the present study, the effects of strain rates and temperatures on the serrated yielding, flow
stress behaviour, dynamic recrystallization (DRX) and texture of WAAM-fabricated Inconel
718 superalloys were systematically investigated. A constitutive formula was developed and
the activation energy was determined for the investigated hot-working domain. The main
conclusions of this study are given below:
1. All stress-strain curves showed the Portevin-Le Chatelier (PLC) effect of discontinuous
plastic flow (serrated yielding) behaviour which was associated with the concept of
dynamic strain aging (DSA) at elevated temperatures during deformation processes. The
serration behaviour was found to be insensitive to sample orientation under the same
deformation conditions. The transformation of serration-type from type-C to type-E was
occurred at high strain levels under all deformation conditions. The serrated yielding was
observed to be more sensitive to deformation temperatures than that of strain rates.
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2. The plastic flow behaviour (mechanical properties) was independent on the sample
orientation under the same deformation conditions. The influence of strain rate was more
prominent to impact the flow stress than that of temperature.
3. The orientation of columnar grains is intricately related to the uniformity of dynamically
recrystallized (DRX) microstructure and deformation conditions. When the preferred
direction of deformation was perpendicular to the longitudinal axis of columnar grains, the
low flow stress processing conditions (higher temperature and lower strain rate) were found
to be the most suitable way to achieve uniform DRX microstructure.
4. The solidification texture of heat-treated and undeformed WAAM IN718 superalloys was
primarily composed of cube, cube║ND and rotated cube texture components. After the hotdeformation, the overall texture was found to be weakened and composed of predominantly
cube║RD texture components along with rotated goss, cube twin and S orientations. The
nucleation and growth of dynamically recrystallized grains of high-angle grain boundaries
(HAGBs) were characterized by grain boundary bulging via discontinuous dynamic
recrystallization (DDRX) mechanism.
5. The activation energy of WAAM-built IN718 alloys to trigger the DRX process was found
to be 444.31 ± 33.78 kJmol-1 and the constitutive equation of Garofalo sine-hyperbolic
function form can be expressed in relation with Zener-Hollomon parameter (Z) as follows:
𝑍 = 𝜀 ̇ 𝑒𝑥𝑝(444309.94⁄𝑅𝑇) = 6.438 × 1015 [sinh(0.00539𝜎𝑃 )]4.85. This formula shows
higher correlation coefficient value (0.9819) and lower average absolute relative error
(1.154%) between the predicted and experimental peak stresses for the entire hot-working
range considered in the present study.
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Chapter 8: Conclusions and recommendations
In this final chapter, a summary has been provided regarding the main outcomes or conclusions
from the present work which will be followed by offering some future recommendations or
directions on the research of manufacturing Inconel 718 (IN718) superalloys parts using wirearc based additive manufacturing (WAAM) process.
8.1. General summary
In this thesis work, an attempt has been made to understand the correlation of processingmicrostructure-property in the fabrication of defect-free IN718 superalloy parts by integrating
the well-established Tungsten Inert Gas (TIG) welding technique into the WAAM process. The
influence of several combinations in different processing parameters, namely arc current, cold
wire feeding rate and travel speed of the welding process on the grain morphology, phase
constituents and mechanical properties of as-fabricated (AF) single bead IN718 alloys has been
studied in order to confirm the stability of the manufacturing process to produce full-density
AM parts.
Subsequently, the standard solution-annealed (SA) condition was performed on the AF IN718
superalloy parts in order to achieve the optimum mechanical properties (highest tensile and
yield strengths) and compared with a commercially available wrought IN718 plates.
Specifically, the consequence of SA treatment on WAAM IN718 alloys in the evolution of
precipitated particles towards the increment of mechanical strength was investigated. Besides,
it was the first time that the effects of high-temperature oxidation performance of SA-treated
WAAM-fabricated IN718 superalloys were reported and compared with its wrought
counterparts.
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Apart from that, the effects of a modified homogenization-annealed (HA) condition on
chemical homogeneity, grain morphology, phase formation, mechanical strengths, and
oxidation-resistance of WAAM-manufactured IN718 superalloys were also conducted in
comparison with its wrought counterparts.
Finally, a parametric study of hot-deformed HA-treated WAAM IN718 superalloys on serrated
yielding, flow stress behaviour, grain refinement and texture was performed using hybrid
additive manufacturing concept with the aim to produce near-net shaped components with
desire microstructure comparable to its wrought counterparts.
In general, these are the primary outcomes or conclusions obtained from the present research
work on the fabrication of IN718 superalloy walls using WAAM process.
(1) Irrespective of the welding parameters/conditions used in this study, the build-up walls of
fully-dense IN718 parts were successfully fabricated without exhibiting any noticeable
welding defects, such as humping effects, lack of fusion zone and porosity.
(2) The geometry of AF samples fabricated using WAAM process was greatly influenced by
the applied welding conditions. Under the influence of fixed cold wire feeding rate and
travel speed, the wall width was found to increase and the height was decreased due to the
increased arc pressure with increasing the arc current. On the other hand, the influence of
increasing the cold wire feeding rate was mostly affected the wall height rather than the
wall width under a constant arc current and travel speed. As the arc pressure acting upon
the molten metal remained to be constant under a fixed arc current and travel speed, the
supply of increased molten metal with increasing cold wire feeding rate should be
compensated with the increment of wall height. Increasing the travel speed negatively
affected both the width and height of the AF walls under a constant arc current and wire
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feed speed due to the reduction of heat input and supply of deposited material volume to
create thinner and shallower molten pool.
(3) The microstructural evolution of AF walls were found to be independent of the processing
conditions. The epitaxial growth of highly textured γ-matrix with columnar grain
morphology along the build-up direction was developed due to the constitutional
undercooling, high heat input and slow cooling rate of WAAM process.
(4) The mechanical properties and crack propagation of AF samples were insensitive to the
welding processing parameters (within the parameter envelope studied).
(5) In case of SA samples, the compositional heterogeneity and highly-textured γ-matrix were
seen to be unchanged with residual laves particles surrounded by acicular δ plates in Nbenriched IDR region. The mechanical properties of SA samples showed poor directional
dependency. The tensile strength of SA samples was inferior to its wrought counterparts
(SAP) due to the inadequately formed hardening phases and the presence of large columnar
grains.
(6) The oxidation reaction process of SA-treated IN718 superalloy samples obeyed parabolic
time dependency forming protective chromia (Cr2O3) scale at the air/scale interface. The
oxidation rate of SA samples was found to be marginally higher than that of SAP samples
at the higher spectrum of temperature regime due to the presence of IDR region as the
preferential oxidation sites. However, the oxidation mechanisms in the formation multilayered oxide phases were found to be dependent on oxidation temperatures and the
reactivity of cationic elements.
(7) Unlike the SA condition, a modified homogenization (1100°C for 1h)-annealed (HA)
condition was successfully used to alleviate the compositional heterogeneity and laves
phases of WAAM-fabricated IN718 alloy parts. The texture was remained to be unaffected
by the HA treatment. Although the HA samples showed weak anisotropic mechanical
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properties, the tensile strength of HA samples was still inferior to wrought products (HAP)
as a result of excessive grain coarsening behaviour.
(8) The effect of oxidation time on oxide phase formation at 900-1000°C was studied for HA
samples in comparison with wrought samples (HAP). Like SA conditions, the oxidation
kinetics of HA samples obeyed the parabolic rate law forming identical multi-scale oxide
products. However, the formation of mixed oxide covering the Cr2O3 layer was found to
be dependent on oxidation time.
(9) The hot-compression tests of homogenized WAAM-produced IN718 alloy parts revealed
that the plastic flow-stress behaviour was more influenced by the strain rates than that of
temperatures. Under low flow-stress conditions (high temperature and low strain rate), the
transformation of equiaxed microstructure from columnar grain morphology was favoured
if the samples were compressed perpendicularly to the major-axis of columnar grains. A
mathematical expression was developed to predict the peak flow-stress values of WAAM
IN718 alloys which was in good agreement with experimental results.
8.2. Recommendations for future study
The fabrication of IN718 superalloy parts using WAAM processes has recently been earned
much more interest and attention in both academia and industrial parties which motivates to
conduct the present thesis work. In this research work, a comprehensive study was conducted
to understand the correlation between processing-structure-property relationships in the
manufacturing of IN718 alloy parts using TIG-based WAAM method. The advantageous
WAAM process was successfully used to fabricate defect-free IN718 parts. The compositional
heterogeneity and large columnar grain morphology were identified as the shortcomings of
WAAM-fabricated IN718 superalloys which were addressed accordingly by modifying the
heat-treatment process and establishing suitable hot-deformation conditions.
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However, the knowledge on microstructure-property relationship of WAAM-fabricated IN718
superalloys is still incomplete in order to consider its potential in real-life applications. These
are some of the future research activities (but not limited to) that are recommended in light of
the present research work to further establish the potential of WAAM-fabricated IN718
superalloy parts in practical situations.
(1) As discussed in Chapters 5 and 6, the heat-treated IN718 superalloy parts fabricated by
WAAM process did not meet the minimum strength requirements due to the formation of
large columnar grains. The alloying of refractory elements [289, 290] or reinforcing
ceramic particles [291] with the matrix alloy IN718 during solidification process can be
used to improve the mechanical strength of heat-treated WAAM IN718 parts.
(2) Chapters 5 and 6 provide in-depth high-temperature oxidation behaviour of heat-treated
WAAM IN718 parts on oxide phase formation, mechanisms and mechanical properties in
the presence of dry air or oxygen. In real-life applications, mixture of molten salt products
was observed to form and deposit on IN718 engine parts to accelerate corrosion due to the
use of cost-effective fuels (heavy fuels containing Na, S and V) during combustion. The
importance of hot-corrosion study on AM-fabricated IN718 parts has been welldocumented in recent times [292-294]. Thus, the study of hot-corrosion behaviour of
WAAM-produced IN718 superalloys will extend the knowledge on oxidation resistance in
correlation with the microstructure-property relationship.
(3) The hot-deformation study produced a near-complete DRX structure under the use of
present experimental conditions. Further experiments should be carried out by altering
different processing parameters (temperature and strain rates) in order to produce a
complete DRX structure.
(4) In Chapter 7, the effects of strain rates, temperatures and columnar grain orientation on the
serration behaviour, flow-stress, recrystallization (DRX) and texture evolution of WAAM
254

IN718 superalloys were studied. However, the effects of different level of strains on the
DRX fractions, mechanisms and the evolution of texture components at a suitable hotdeformation condition (high-temperature and low strain-rate) are recommended for future
study.
(5) The reliability of machine components can be optimized by integrating different materials
for certain applications that can not be obtained by using either material individually [293295]. The feasibility of developing functionally graded materials (FGMs) using TIG-based
WAAM process using twin wire facility has been well understood in recent times [296,
297]. Thus, a feasibility study on developing IN718-Haynes 25 or 316L or Ti-6Al-4V
FGMs parts using TIG-based WAAM process to correlate processing-microstructureproperty relationship can be worth investigating.
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